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mechanisms. The maximum load bearing capacity has large variability, governed by the severity of
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Mechanical performance of ceramic matrix
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Experimental studies have been performed on ceramic matrix composite (CMC) I-sections, which typify
joint designs for CMC components. Axial loads and moments have been applied to activate delamination
manufacturing flaws located in the transition region of the I-section. This variability leads to an
unsatisfactory design situation. Delaminations that form from these flaws arrest and behave in a stable
manner, subject to a remanent: load bearing capacity. This remanent capacity has minimal variability.
Hence, design based on the remanent load would be robust. An expression for this design criterion is
presented. Copyright © 1996 Elsevier Science Limited
(Keywords: mechanical performance; ceramic matrix composite; I-beams)

INTRODUCTION

Many designs of thermostructural components made from
composites include junctions, such as T-intersections,
I-sections and C-segments' > (Figure I). The responses
of these junctions to applied loads and moments', as well
as thermal gradients®, are often performance limiting.
Yet, there are no published experimental results on the
mechanical performance of such junctions in ceramic
matrix composites (CMCs). This article addresses the
deficiency by presenting initial experimental findings
on I-junctions made from a SiC/C composite6. Associated
stress analyses, as well as related mechanics considera-
tions, are presented and used to interpret the experiments
and to propose design criteria. '

The mechanical performance of composite joints
and sections is typically dominated by the formation of
delaminations' ™. These are activated by interlaminar
tensile stresses and interlaminar shear stresses. In turn,
these stresses are induced by applied moments and
temperature gradients. The stresses interact with manu-
facturing flaws to initiate the delaminations, resulting in
appreciable variability in the load bearing capacity, with
adverse effects on the design allowables. This variability
and its association with the flaws typically found in
CMCs are explored in this study.

Most CMC components are subject to negligible

*To whom correspondence should be addressed. Present address:
Division of Applied Science, Harvard University, Pierce Hall,
Cambridge, MA 02138, USA

pressure loads. The predominant loads are thermal
and are associated with temperature gradients along
the length, as well as through the thickness. For
a component with multiple I-sections, there are
temperature differences between these sections. Those
at the lower temperatures experience axial tension, plus
bending. Those at the higher temperatures are in axial
compression. The former are most susceptible to
degradation by delamination. This scenario motivates
the present study.

MATERIALS AND TESTING

The 'CMC material used in this study is a SiC/C
manufactured by HITCO®’. The fibres are Nicalon
SiC and the matrix comprises C containing carbide
particulates. The fibres were incorporated as a cloth,
with eight-harness satin weave, and configured into a
preform using graphite dies. The matrix was introduced
through a sequence of liquid and vapour phase infil-
trations, followed by pyrolysis and heat treatment steps.
The material contains manufacturing defects. The
principal defects found in plane sections comprise
translaminar shrinkage flaws and interlaminar porosity’.
Most of the in-plane properties are not sensitive to these
defects, because of the existence of inelastic shear strain
mechanisms that enable stress redistribution and provide
notch insensitivity”. However, the I-sections include
additional manufacturing flaws. An assessment of their
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Figure 1 Schematic of some of the junction configurations used in
designing components with CMCs

effect on the mechanical performance constitutes one
theme of this investigation.

The as-manufactured configurations were in the form
of long I-beams having cross-sectional dimensions
20mm x 20mm. These were cut into sections ~3mm
thick, using a diamond saw. These sections were used to
assess the mechanical performance. The testing configur-
ation was designed to enable a combination of axial
loads and bending moments to be imposed in order
to simulate the typical design problem noted above
(Figure 2a). It comprises a steel frame with loading points
that contact the I-section at four locations. The contact
locations are adjustable, enabling changes to be made in
the ratio of the axial load to the moment. The frame was
attached to the cross-head of a servohydraulic testing
machine.

Strain gauges were attached to the specimen at the
locations indicated on Figure 2a. These were used to
assess the inelastic strains that accompany deformation.
Two different loading spans were used for most tests:
the wider span was 19 mm and the narrower span 8 mm.
The tests were monitored using an optical telescope in
order to identify and monitor the damage mechanisms
and their sequence. Pre-test and post-test character-
izations performed by scanning electron microscopy
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Figure 2 Schematic of the loading fixture used to test the I-scctions.
(a) Overview of the loading train and the specimen, indicating the
locations of the strain gauges; (b) CMC spccimen dimensions

(SEM) were used to identify the manufacturing flaws at
the failure origins.

MEASUREMENTS AND OBSERVATIONS
Microstructural characterization and manufacturing flaws

Polished cross-sections (Figures 3-5) reveal the orient-
ations of the weave and the manufacturing defects,
particularly those in the triangular regions located at the
transitions, designated the ‘T’ interstices. The weave
in the “T" comprises the fibre preform, infiltrated with
the matrix, with one set of fibres oriented normal to
the section and the others contoured around the ‘T’
(Figure 3). Manufacturing flaws in the interstice
comprise regions of interconnected porosity between
the plies, ranging in size up to 300 um in length and
30 um wide (Figure 3). There are also flaws around the
perimeter of the interstice (Figure 4). Translaminar
shrinkage flaws are apparent throughout (Figure 5).
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Figure 3 Sections that reveal the weave architecture and the manufacturing flaws in the vicinity of the “T” interstice

Load|deflection response

Typical load/deflection responses obtained upon
loading at a constant displacement rate (10 ums™') are
summarized in Figure 6. In most instances, the load
increased linearly up to a maximum, followed by a load
drop. A load bearing capacity was retained after the
drop, with the load gradually decreasing as the
deformation continued. In some instances, a slight
non-linearity developed prior to the peak load.

Test results obtained with the narrower (8 mm)
loading span are summarized on Figure 6a. In all cases,
the stresses refer to the axial stresses o on the centre
section of the I. Two of the specimens (1 and 2) had
similar compliance, but differing ultimate ‘strengths’
S, : 60 and 90 MPa, respectively. The peak was followed
by a load drop, with the retained strength Sg ~ 20 MPa,
being essentially the same. The corresponding retained
moment (relative to the symmetry plane of the I) is
Mg ~ 0.8 Nm. A third specimen (3) had a much larger
compliance and a considerably reduced strength: only
30 MPa. It also exhibited appreciable non-linear deform-
ation prior to the peak load. The subsequent load drop
was small. The strength and moment retained after
the drop slightly exceeded that found for the other

specimens. Prior to testing, there were no obvious
differences in the flaws present in these three specimens.

Corresponding results obtained for two other speci-
mens (4 and 5) using the wider loading span (19 mm) are
presented on Figure 6b. In all cases, the compliances were
about twice those obtained with the narrower span. The
peak loads were also much lower, with S, being in the
range 20-30 MPa. But the load drops were smaller, such
that the retained strengths after the drop, Sg ~ 15MPa,
and the retained moments, My ~ 1 Nm, were essentially
the same as those for the narrower span.

Stress induced damage

Following the load drop, each of the specimens
exhibited one or more delamination cracks. Typical
morphologies are depicted on Figures 7a and b. The
cracks extended along the axis and partially penetrated
the opposing arms of the I, apparently along the
periphery of the ‘T” interstice. Higher resolution images
(Figure 8) confirm that the delamination progresses
around this periphery, through the transverse ply.
Specimens tested with the wider span exhibited
additional cracks on the upper periphery of the ‘T’
(Figure 7b). In some regions, the delaminations cross
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Figure 4 Manufacturing flaw near the perimeter of the ‘T"

over fibre bundles (Figure 9a), causing these bundles to
act as crack bridging ligaments. The cracks also deflect at
shrinkage flaws (Figure 9b), resulting in irregular crack
morphologies. Subsequent deformation caused the delam-
inations to further penetrate the arms, accompanied by
additional fibre bundle bridging (Figure 10). But, some
integrity was always retained: that is penetration of the
arms by the delaminations occurred in a stable manner.

Post-test inspections by SEM revealed that each of
the delaminations originated at manufacturing defects,
with porous zones constituting the predominant ‘flaw’
(Figures 3 and 4). However, there are no obvious
associations between the dimensions of those flaws
observed prior to the testing and the peak load bearing
capacity.

BASIC MECHANICS

Two basis analyses are performed in order to interpret
the results and to provide a robust design criterion.
(a) The first is performed for the sections without cracks,
in the elastic range. The results are used to evaluate the
stresses that act at the manufacturing flaws, and thereby
establish flaw sensitivity rules governing the peak load
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bearing capacity. (b) The second analysis is performed in
the presence of delamination cracks. Energy release rates
G are calculated as a function of the crack length a, with
emphasis on the range where the cracks are stable: that
is, where G decreases as a increases.

Initial insight is provided by some analytical results
for curved beams (Figure 11) and corners, with emphasis
on the stresses along the curved interface AC (Figure 12).
The curved beam solutions indicate that the radial
stresses ¢, governing delamination are dominated by
the applied moment M and the radius of curvature R
(Figure 11), in the non-dimensional form' (see Figure 14):

o h?b/M = f (h/R,EL/E 1) ()

where 24 is the width of the beam, & its thickness
(as defined on Figure 2b), E; is the longitudinal modulus
and E t the transverse modulus: an analytical form of the
function £, has been identified in work by Lu er al.!.

When a delamination initiates along the centre of the
beam and propagates around the mid-section, the energy
release rate G has the non-dimensional form':

E, GH’b*/M* = F(a/R) (2)

where 2 a is the length of the delamination and F is the
function plotted on Figure 11. Note that G reaches a peak
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Figure 6 Stress/deflection responses of I-sections. (a) Narrow span; (b) wide span

and then diminishes as the delamination length a
increases. Beyond the peak, the delamination is stable.
This is the behaviour emphasized in the present analysis.

Solutions for corners'® indicate that stress concentra-
tions may arise at B and C (Figure 12), weakly dependent
on the elastic modulus orthotropy and on the ply

configuration. These are largely negated in the present
junction design because the moduli are continuous.
Hence, the stresses at these locations have less import-
ance to junction performance that the stresses along
AC, which interact with the manufacturing flaws within
the “T".
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Figure 7 Delamination cracks that develop at the load drop. (a) Narrow span: (b) wide span

Table 1 Constituent properties

Longitudinal modulus, E; (GPa) 60
Transverse modulus, Ex (GPa) 10
Longitudinal thermal expansion coefficient, o), ®™ 5% 107
Transverse thermal expansion coefficient, o (XK™H 10 x 107°
Cooling range, AT (K) 1000
Transverse fracture toughness, K (MPa /m) 3
Ultimate tensile strength (MPa) 350
Compressive strength (MPa) 320

Stress distributions

The finite element method and the ABAQUS code
have been used to perform the stress analysis. The
meshes are shown on Figure 12. The elastic properties
used in the calculations and the associated regions of the
junction are indicated on Table 1. For comparative
purposes, calculations are also performed for an
elastically isotropic junction. To facilitate presentation,
the stresses are normalized in accordance with equation
(1). For this purpose, the moment arm is considered to
originate at the symmetry plane of the 1.
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As expected, there are relatively large bending induced
in-plane tensile and compressive stresses along the arms
of the 1 (Figure 13). These stresses do not appear to
activate deformation or damage modes in the present
tests and they are not involved in the delamination. For
the larger span, these stresses are similar to magnitudes
estimated using simple beam theory'', upon assuming
that the beam is supported along the edge of the
interstice, OO’ (Figure 12). Moreover, the delaminations
have not been found to originate near the loading points,
where localized shear stresses exist. Consequently, shear
effects have also been disregarded.

Of more pertinence to delamination are the normal
and tangential stresses along the curved interface ABC,
summarized on Figure 14. These aré both predominantly
tensile. These stresses induce an energy release rate
at delaminations, which motivates their growth, as
elaborated later. The elementary normalization for
curved sections [equation (1)] rationalizes the influence
of the loading and the span on the radial stresses, at Jeast
for orientations up to about 50°. The non-dimensional
magnitude, o, h2b/M, ranges between about 0.3 and 1.2
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Figure 8 SEM of the delamination trajectory around the periphery of
the ‘T"

in this angular regime. The tangential stresses do not
appear to normalize in the same manner; a fact which
remains to be rationalized.

Residual stresses

The mismatch in thermal expansion between the fibres
and the matrix induces residual stresses within the
junction. The ‘T’ interstice has tangential expansion
mismatch with the surrounding composite. Calculations
performed subject to this mismatch yield the stress
contours within the interstice summarized on Figure 15.
All stresses are presented in accordance with the non-
dimensional parameter, x; = o5/ Ep AaAT, where Aais
the tangential thermal expansion mismatch between the
‘T’ interstice and the composite (ot — oy ) (Table I), AT
is the difference between the ambient temperature and
the processing temperature, and x;; is dependent on the
elastic properties and the interstice geometry. The largest
stresses along BC are predominantly tensile, with
Xyy ~ 0.2. These stresses exist in regions of the junction
containing manufacturing flaws (Figure 3). They super-
pose on those from the applied loads, thereby diminish-
ing the load bearing capacity of the junction. In some

Bridging
fiber
bundle

Shrinkage
flaw

Figure 9 Interactions of the delaminations with the microstructure.
(2) Bridging fibre bundle; (b) deflection at translaminar shrinkage flaw

Figure 10 Propagation of the delamination into the I accompanied by
fibre bundle bridging

cases, these stresses may be large enough to cause
delamination upon cooling from the consolidation
temperature. This may be the reason for the inferior
load bearing capacity of specimen 3 (Figure 6a).

Energy release rates

Beyond the peak load, after the delamination has
formed, the energy release rate relative to the delamin-
ation fracture toughness governs the load capacity.

1163




Mechanical performance of composite [-beams: F. E. Heredia et al.

2a

Delamination

M‘-/ \'M
AL I T 7
30 -
L J
Q C ]
2 20
[} - =
< L
w A —]
(0} [ J
10F ]
0- 1 PR [N T TN SN NS W A S AN AT S G SN ]
0 20 40 60 80

6—

Figure 11 Energy release rate characteristics for delaminations in a
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Figure 12 Finite element mesh used for elastic stress analysis

The energy release rates G, normalized in accordance
with equation (2), have been calculated for a range of
crack sizes by using the J-integral method (Figure 16)
with the mesh shown in Figure 17. Emphasis has been
placed on the regime in which the delaminations are
stable, that is, where G decreases as a increases. The
stable region commences at a/R ~ 1.6. Furthermore, the
results for the narrow and wide spans appear to be
rationalized by the curved beam normalization [equation
(2)]. The compliance of the delaminated system has also
been calculated. An example for the wider span is
presented on Figure 17.

ANALYSIS AND INTERPRETATION
Delamination at peak load

The trends in the delamination-limited load bearing
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Figure 13 Contours of the o,, and o,, stresses throughout the beam:
(a). (b) wide span; (c). (d) narrow span. All stresses are normalized by
the tensile stress induced at the centra! axis of the I
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Figure 14 Distributions of radial and tangential stresses along the
curved plane ABC normalized by the moment relative to the symmetry
plane: (a) isotropic; (b) anisotropic

capacity of the junction between the narrow and wide
spans are in accordance with the effect of the moment on
the radial stresses along the ABC plane (Figure 14). That
is, relative to the narrow span, the loads applied at the
wider span exert about swice the moment and yield about
half the load capacity.

More quantitatively, the measured peak loads may be
used with the stress analysis to determine the magnitudes
of the stresses that activate the manufacturing flaws.
In the absence of residual strains, the largest stresses
along ABC at the load peak would be in the range
70-130 MPa, for both the narrow and wide loading
arrangement (although in the anomalous specimen 3 the
stress at the peak is only 40 MPa). The residual stresses
are ~60MPa, obtained using the material properties
from Table 1, with AT ~ 1000°C. The magnitude of the
manufacturing flaws, 24, that could be activated by these
combined stresses may be estimated by assuming that the
penny-crack solution applies to the manufacturing
flaws'?, with the flaw plane normal to the radial stresses.
This solution has the form:

a, =m(Kr/20)
=nK3/4(Mf [bh® + ELAQAT x;.) 3)

where Ky is the transverse fracture toughness of the
composite and o is the sum of the stresses induced by
the applied loads and the residual field. If it is

assumed that K7~ 3MPa/m (typical for graphitic
C") then a, ~ 400 um. Manufacturing flaws of this
size are prevalent within the ‘T’ regions of the junctions
(Figure 3).

More quantitative assessments would require addi-
tional knowledge about the transverse toughness of the
composite and the manufacturing flaw sensitivity relative
to cracks having the same dimensions. For this purpose,
a systematic evaluation of the effect of controlled flaws
on the load capacity would be needed™*,

Tensile and compressive failure

Since the in-plane tensile and compressive stresses
(Figure 13) can be appreciably larger than the inter-
laminar stresses, especially at the larger applied
moments, there is potential for either tensile or
compressive failure. Evaluations of the largest in-plane
tensile and compressive stresses at the peak loads borne
by the beams tested with the wider span (~260 MPa)
indicate that they are somewhat lower than the in-plane
ultimate tensile and compressive strengths of this
composite (Table 1). The occurrence of the delamin-
ation, rather than either tensile or compressive failure, is
consistent with the in-plane stresses being lower than
these strengths. The implication, however, is that tensile
or compressive failure modes would become prevalent if
the beams were subjected to moments larger than that
induced by the wider span. In this situation, the stresses
that cause failure could be predicted from beam theory
calculations.

Remanent strength

After delamination, there is a remanent strength. This
strength might be contemplated as a basis for a fail-safe
design criterion. The moment that can be sustained

Gy /EACAT

0.4

0.3 5
b 02
0.1

0.1
0.2
0.3

O [EARAT

Figure 15 Contours of residual stress associated with the junction:
(2) 0, stresses; (b) 0, stresses
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Figure 16 Non-dimensiona! strain energy release rate as a function of
the relative delamination length in the stable region

in this condition M, is obtained from equation (2),
with G equated to the transverse fracture toughness,
I'r = K3/Ey. This is given by:

M. /bh**Ky = (EL/ErF)'? )

M, can be estimated by using the results for F from
Figure 16. In the stable range, a/RS2, and with
Ky ~ 13MPay/m, b = 3mm and # = 2.5mm, M, is of
the order 0.6 Nm, comparable to the measured values
(see section on Load-deflection response). The basic
effects thus seem to be captured by this simple approach.
Moreover, the importance of the transverse (matrix)
fracture toughness Ky in determining the allowable
moment M, is evident. It remains to be determined
whether M, is large enough to ensure satisfactory design
loads using this criterion.

IMPLICATIONS

The measurements and calculations provide some
preliminary guidelines for design, which may also be
used to assess the effects of scaling. The load bearing
capacity can be expressed through the moment Mp,. This
is feasible because the radial stresses that activate the
delamination have a magnitude controlled primarily by
the moment (Figure 14). The maximum stress is related
to the moment by [equation (1)]:

o = MAT bk’ (5)

with f7** ~ 1.0 (Figure 14). Combining this stress with
the residual stress (Figure 15), the delamination criterion
becomes:

Mp = (b1 /f™*)(v7K1/2a)* = X« ELAGAT) (6)

with x,; ~0.2. The sensitivity of the mechanical
performance of the I-section to the size of the manu-
facturing flaws a, and to the residual stress poses
problems for the design. An approach based on weakest
link statistics would be needed, such as that used
to design monolithic ceramics'®. The limitation would
be the ability to characterize the manufacturing
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flaws through non-destructive methods, augmented by
statistical data'.

The problems associated with design based on
weakest link statistics suggest that an alternative, fail-
safe approach based on the assumption that delaminations
already exist may be preferable. Then, the design
condition is given by equation (4) as:

Mp = b’ *K1\/E_JE<F (7)

The practical utility of this approach remains to be
determined.

CONCLUDING REMARKS

CMC I-sections subject to bending moments are
susceptible to delamination. Similar effects may be
inferred for T-junctions and C-sections. The delamin-
ations are activated by radial stresses, which interact
with manufacturing flaws located within the interstices of
the intersection. These flaws typically comprise extended
pores that arise from a combination of incomplete
matrix infiltration and constrained shrinkage. In the
SiC/C composite explored here, these pores approach
300 um in diameter.

The delamination propagates primarily through the
matrix, which has a relatively low toughness. The
consequence is that the peak load bearing capacity

2000 —r——T—T—p—T—T T T
:WideSpan

1600 -

Figure 17 Compliance of the delaminated beam for the wide loading
span. The finite element representation is also shown for one of the
crack lengths: a/h ~ 2.4. A finer mesh is used for crack calculations
than for stress analysis (Figure 12)
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exhibits considerable variability, governed by the size
distribution of manufacturing flaws. Weakest link
behaviour is inferred, with implications for statistical
variability and size scaling effects analogous to those
applicable to monolithic ceramics’™®,

Subsequent to the initiation of delamination at the
peak load, the cracks enter a stable regime and arrest.
This enables the section to retain some load bearing
capability, even when the delaminations are present. This
remanent strength Sy has minimal variability and is
subject to an explicitly lower bound. Consequently, Sg
provides a robust design criterion, provided that the
associated low load capacity and high compliance can be
accommodated in the structural design.
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NOMENCLATURE

a crack (delamination) length
a, length of manufacturing flaw
b beam thickness (Figure 2b)
E Young’s modulus

Ey longitudinal modulus

Er transverse modulus

f radial stress function

F energy release rate function (Figure 11)

G energy release rate

h beam width (Figure 2b)

Ky transverse fracture toughness of composite
M bending moment

R radius of curvature

T temperature

AT  cooling range from processing to ambient

o thermal expansion coefficient

op longitudinal thermal expansion coefficient
or transverse thermal expansion coefficient
Aa thermal expansion mismatch, a1 — ap

o stress

O radial stress

Xij non-dimensional stress
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ABSTRACT

The present article examines the in-plane tensile properties of a 2D all-oxide
ceramic composite. The distinguishing characteristics of the material include the
fine-scale porosity within the matrix and the absence of a fiber coating. The
anisotropy in the elastic-plastic properties is studied through tension tests in the
axial (fiber) direction and at 45° to the fiber axes, both in the presence and the
absence of holes or notches. The notch sensitivity in the axial direction is found to
be comparable to that of conventional dense-matrix, weak-interface composites.
These results serve as a demonstration of the effectiveness of the porous matrix in
enabling damage tolerance. Furthermore, the trends in notch sensitivity are
rationalized using models that account for the effects of inelastic straining on stress
distributions around notches and holes, coupled with a scale-dependent failure
criterion. In the off-axis orientation, failure occurs by a plastic instability, analogous
to necking in metals. Following instability, deformation continues within a diffuse
localized deformation band, with a length that scales with the specimen width.
Similar deformation and fracture characteristics are obtained both with and without
holes, and independent of hole size. The role of the matrix porosity in enabling

crack deflection and inelastic straining is discussed.
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1. INTRODUCTION

There is growing interest in all-oxide fiber-reinforced ceramic-matrix
composites (CMCs) [1-6] for use in advanced gas turbine engines. Historically, the
SiC-based CMCs have been deemed to be superior to the oxides, because of their
high creep resistance and high thermal conductivity. However, it has become
increasingly evident that the SiC CMCs are strongly susceptible to oxidative
embrittlement at stresses exceeding the matrix cracking limit [7-18]. Clearly the oxide
systems are inherently more resistant to oxidation effects and thus have better
potential for long-term durability. Recognizing the relative merits and
shortcomings of the two classes of composites, it is anticipated that the all-oxide
systems will find application in long-life components under moderately high
operating temperatures (to ~ 1100-1200°C), whereas the S5iC-based materials will be
the choice for components requiring shorter lives but higher temperatures.

The present article examines the mechanical performance of a relatively new
all-oxide CMC, building upon the work recently reported by Levi et al. [6]. The
distinguishing characteristics of the material include fine-scale porosity within the
matrix and the absence of a fiber coating. The porosity is the key microstructural
feature that enables crack deflection and damage tolerance. The article focuses
specifically on the in-plane tensile properties of a 2D woven composite, both in the
absence and in the presence of notches or holes. The degree of anisotropy is probed
through tests performed both parallel and at 45° to the fiber axes. Models are used to
elucidate the relevant composite and constituent properties and to rationalize the

notch effects.
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2. PROCEDURES

2.1 Materials

The composite material comprised Nextel 610 AlyO3 fiber cloth in an
8-harness satin weave and a porous matrix of 80% mullite and 20% alumina. Details
of the microstructural design and the processing route are described in [6]. Briefly,
the material was made by vacuum infiltration of an aqueous slurry containing the
matrix powders into a preform of the fiber cloths. The matrix powders were ~1 um
diameter MU-107 mullite (Showa Denko K.K.) and ~0.2 um diameter AKP-50
alumina (Sumitomo Chemical). The packing density of the matrix powder was
= 55%. Following infiltration, the green panels were dried and sintered at 900°C for
2h, to promote the development of alumina bridges between the mullite particles.
The panels subsequently were impregnated with an alumina precursor solution
(aluminum hydroxychloride) and pyrolyzed at 900°C for 2h. This impregnation and
pyrolysis sequence was performed four times. The panels were given a final heat
treatment at 1200°C for 2h in order to stabilize the precursor-derived alumina and
to enhance the integrity of the alumina bridges. Examinations of polished
cross-sections of the consolidation panels indicated uniform infiltration of the
powder slurry both within and between the fiber tows.

Panels were made with fibers oriented either parallel or at 45° to the panel
edges, thus facilitating preparation of tensile specimens in both the longitudinal
(0°/90°) and off-axis (+ 45°) orientations. A summary of the panels and their fiber
content and porosity are summarized in Table I. The fiber content, f, was
determined from knowledge of the cloth volume and the final plate dimensions.
The porosity, p, was measured in accordance with ASTM Standard C20-92. These
properties were relatively uniform between panels, with values f = 0.37-0.42 and

P = 22%-~-25%.
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2.2 Testing Procedures

A series of mechanical tests was performed to elucidate the tensile properties
of the composite in both the 0°/90° and the * 45° orientations. The 0°/90°
properties were measured using standard dog-bone tensile specimens, with a gauge
length of 115 mm and gauge width of 8.5 mm. The properties in the + 45°
orientation were obtained from either dog-bone specimens or straight-sided
specimens with end-tabs. Both geometries resulted in gauge failures. The widths in
the £ 45° specimens were varied from 4.9 to 19.5 mm. The longitudinal strains were
measured using a non-contacting laser extensometer over a 70 mm gauge length. In
addition, some of the specimens were instrumented with longitudinal and
transverse strain gauges. "l;he longitudinal gauges were typically 6-12 mm long,
whereas the transverse gauges were selected to cover approximately one half of the
specimen width. In comparing the results from different panels, the strengths were
"corrected" to an average fiber volume fraction of 40%, assuming the strength to be
proportional to the fiber volume fraction. The magnitude of these corrections did
not exceed 5%.

Notch-sensitivity of strength was investigated through a series of tensile tests
on +45° and 0°/90° specimens with center-holes (Fig. 1). The ratio of hole diameter,
2a, to specimén width, 2w, was fixed at 1/3. Scale effects were probed by varying the
absolute hole diameter, from 3 to 10 mm. In some instances, small strain gauges
(1.6 x 1.6 mm) were placed at the hole edge in order to determine the local tensile
strain at failure. Tests were performed also on +45° specimens with semi-circular
"edge holes", as illustrated in Fig. 1(b). The ratio a/w was fixed at 1/3 and the hole
diameter was varied from 3 to 6.6 mm.

Complementary measurements of the 0°/90° tensile strength and

notch-sensitivity were obtained from four-point flexure tests. Such tests were
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performed on straight, 6 mm-wide specimens, oriented to produce in-plane stresses
only. The inner and outer loading spans were 25 mm and 127 mm, respectively. The
strains on both the tensile and compressive faces were measured using strain
gauges. In addition, three-point flexure tests were performed on 12 mm wide
specimens, each with a 6 mm-long edge-notch located at the specimen center. The

notch width was ~ 0.4 mm. The loading span was 190 mm.
2.3  Modeling of Stress Distributions and Notched Strength

The stress and strain distributions around the notches and holes in the
0°/90° specimens were calculated using two different models. The first was based on
a continuum description of deformation, with no provision for localization
phenomena such as macroscopic cracks or shear bands. The material response was
assumed to follow the nonlinear constitutive law developed by Genin and
Hutchinson [19]. The law was calibrated using the uniaxial stress-strain
measurements in the +45° and 0°/90° orientations. Details of the calibration and
implementation procedures are presented elsewhere [19, 20].

The second model assumed that the nonlinear deformation was confined to
shear bands, emanating from the holes ornotch tips and propagating parallel to the
loading direction. The shear bands were assumed to form and propagate at a critical
value of shear stress, T, [21], taken to be one-half of the ultimate tensile strength in
the + 45° orientation. Qutside of the shear bands, the material was taken to be
linear-elastic, with the appropriate elastic constants. The use of this model was
motivated by the low "hardening rate" in the +45° tensile response at strains
exceeding = 0.2% along with the large shear strains along the plane of the incipient
shear band that were predicted by the nonlinear continuum model.

Both models were implemented in the ABAQUS finite element code. The

computed stress distributions coupled with the notched strength measurements
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were used to infer the local conditions at the onset of failure. A simple engineering
approach that has found utility in predicting failure in notched specimens of both
ceramic [20] and polymer matrix composites (PMC) [22-26] involves the use of the
point stress failure criterion. Here failure is postulated to occur when a critical stress
is attained over a characteristic distance, d, ahead of the notch or hole. In the present
study, the critical stress was taken to be the unnotched tensile strength of the
composite and the characteristic distance was inferred from comparisons between
the measured and predicted strengths. A similar approach was used to rationalize

the difference in strengths measured in tension and in flexure.
1

3. UNNOTCHED PROPERTIES
3.1 0°/90° Orientation

The results of the unnotched tensile and flexure tests are plotted in Fig. 2. The
tensile response exhibited only very slight nonlinearity, developing progressively
with increasing stress. The initial modulus was Eg = 95-100 GPa and the Poisson'’s
ratio, vg = 0.05. The modulus decreased with increasing stress, and reached
E{ = 75-78 GPa at failure. The latter value is about the same as the contribution
expected from the longitudinal fibers: f E¢/2 = 74 GPa, where Ef is the Young's
modulus of the fibers (380 GPa). The progressive nonlinearity is believed to be
associated with microcracking within the matrix, causing the effective matrix
modulus to be negligible at the point of composite fracture. An additional inference
is that matrix microcracking is initiated at strains that are much lower than the
ultimate failure strain. Similar nonlinearity was obtained in flexure (Fig. 2(b)). The
latter results also indicated very slight asymmetry in the material response, as

manifest by the differences in the tensile and compressive strains.
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The measured elastic constants were used to infer the Young's modulus of
the porous matrix through classical lamination theory. For this purpose, the
composite was treated as a balanced cross-ply laminate. The longitudinal and
transverse moduli of the unidirectional lamina were estimated using the standard
upper and lower bound solutions, respectively, and the Poisson's ratios of the fibers
and matrix were taken to be 0.2. In doing this, the inferred (initial) matrix modulus
is Em = 20 to 25 GPa. With this modulus, the Poisson's ratio vg of the laminate was
predicted to be 0.066-0.078, which is comparable to the measured value of 0.05.

The inferred matrix modulus is about an order of magnitude lower than that
expected for the fully-dense matrix: Eq = 240-250 GPa (depending on whether the
upper or lower bound solution is used for averaging the properties of the mullite
and the alumina). The difference is attributable to the high matrix porosity.
Measurements of the elastic moduli of monolithic ceramics with comparable levels

of porosity suggest a scaling of the form [27, 28]

En/Eqy = 1-pn/pPo (1)

where p, is the initial porosity, prior to densification. In the present composite,
Pm = 0.39 and po = 0.45, yielding a predicted modulus ratio, Em/Eq = 0.13. This is
similar to the value inferred from the 0°/90° modulus: E;,,/Eq = 0.1.

The tensile strengths, 6., and failure strains, €5, measured in tension were
195-235 MPa and 0.22-0.24%, respectively. The corresponding properties obtained
from the flexure tests were higher: 250-260 MPa and 0.29-0.31%. The differences
suggest a scale-dependence in the tensile strength, as found in other fiber-reinforced
CMCs [29], and can be rationalized in terms of the point stress failure criterion. Upon
comparing the strengths measured in tension and flexure, and assuming a linear

distribution of stress across the flexure specimens, the characteristic distance is

TP:FZ73(March 31, 1998)11:41 AM/mef

20



inferred to be 0.4 £ 0.2 mm. This range is slightly lower than that reported for other
fiber-reinforced CMCs (0.5-0.75 mm) [20] as well as for polymer matrix composites
(0.5-1.3 mm) [22-26].

3.2 +45° Orientation

Representative stress-strain curves obtained from the +45° tension tests are
plotted in Fig. 3. In this orientation, the Young's modulus, E45 = 50 GPa, and the
Poisson's ratio, v45 = 0.55. Following lamination theory and using the matrix
modulus inferred from the 0°/90° tests (Em = 20-25 GPa), the composite properties
are predicted to be E45 = 42-51 GPa and v45 = 0.54-0.59. These values agree well with
the measured ones.

Recognizing that only three of the four elastic constants obtained from the
+45° and 0°/90° tests are independent, an additional check was made on the
consistency of the measured elastic constants. For orthotropic materials with

equivalent elastic properties in two orthogonal directions, the constants are related

through
Eg = 1-vgs (2)
EO 1- Vo

Using the measured Poisson's ratios, the predicted modulus ratio is E45/Ep = 0.47,
which is similar to the measured ratio, E45/Eg = 0.50.

Nonlinearity was initiated at = 0.05% strain and = 20 MPa stress. At higher
stress levels (2 20 MPa), both the longitudinal and transverse strains exhibited
similar amounts of nonlinearity, although the two were of opposite sense.
Interestingly, the inelastic in-plane dilation, characterized by the sum of the inelastic

strains, e? + ef, was essentially zero up to the stress maximum (Fig. 3(a)). In

7P:FZ73(March 31, 1998)11:41 AM/mef




contrast, significant dilation occurs prior to failure in dense-matrix CMCs [30],
because of the development of long, bridged matrix cracks. It is surmised that the
inelastic deformation in the porous-matrix composites is accommodated by
microcracking of the necks between matrix particles and subsequent particle
rearrangement. Evidently this mode of deformation can occur with minimal
dilation (at least at small strains). Attempts to image this damage in the scanning
electron microscope were unsuccessful, presumably because of the extremely fine
scale of the damage as well as the small residual strains (= 0.05%) upon unloading
from the load maximum.

Tensile failure in the *45° orientation occurred by the formation of a diffuse
localized deformation band, initiating at strains of = 0.25-0.4%. Substantial
additional strains were obtained within the localized band. Final fracture occurred
along a plane at ~ 45° to the loading direction, with minimal fiber fracture. In
contrast, in dense-matrix CMCs, fracture occurs catastrophically at the load
maximum, with the majority of fibers breaking in the process [30].

Strain localization was manifested in the mechanical measurements in three
ways. (i) The stress-strain response exhibited progressive softening with increased
strain, with a tangent modulus, do/de = 0, at the onset of localization. (ii) Following
localization, substantial displacement was obtained without fracture, because of the
additional inelastic strains within the localized band. (iii) Because of the diffuse
nature of the localization, the strain measurements exhibited wide variability near
the stress maximum, depending upon the location of the measurement with respect
to the localized band. That is, in instances where the strain gauge was located away
from the localized band, the strain reached a peak and diminished as the load
dropped (e.g. open circular symbols in Fig. 3(a)). Conversely, when the gauge was
located near the localized band, the strain continued to increase following

localization (e.g. triangular symbols in Fig. 3(a)). The post-localization response of
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the laser extensometer exhibited similar trends. That is, large additional strain was
obtained when the localized band was located within the gauge length (Fig. 3(b));
otherwise, the strain diminished with increasing remote displacement (Fig. 3(a)).

The measurements demonstrate that failure occurs by a plastic instability,
analogous to necking in metals, and not by a catastrophic fracture event. In metals,
instability occurs when the rate of geometric softening associated with area
reduction overcomes the intrinsic hardening due to dislocation generation and
interaction. Evidently the strain required for instability in the composites is much
smaller than those in metals, implying that the intrinsic "hardening" of the
composite is small. Nevertheless, the fact that failure occurs through a plastic
instability has important implications in the degree of notch-sensitivity, as described
in Section 4.2.

Comparisons of measurements on specimens of varying width indicate that
the length of the localized band scales with the specimen width. This inference was
drawn from the observation that the post-localization displacement was
proportional to the width (Fig. 4(a)). A similar trend was observed in the total
energy dissipated following localization (Fig. 4(b)). These results differ from those
obtained in thin metal sheets, wherein the length of the localized band is
proportional to the thickness and failure ultimately occurs by localization in the
thickness direction. Because of the fiber architecture in the composite, inelastic
straining is restricted to the plane containing the fiber cloths, precluding
through-thickness localization. This anisotropy in the inelastic response is
responsible for the unique localization characteristics of the CMCs and the large
post-localization displacement and fracture energy. Optical examinations of the
fractured specimens confirmed the effects of width on the size of the localized band

(Fig. 5).
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Following localization, the additional strain was accommodated by rotation of
the fiber tows towards the loading direction and extensive comminution of the
matrix (Fig. 5(a)). In this regime, the damage was highly dilational, as evidenced by
the pronounced swelling in the thickness direction (Fig. 5(b)). The swelling is
attributable to the rearrangement of the matrix particles at high strain levels.

The energy absorbed by this process can be partitioned into two components:
(i) energy associated with surface area, created through fracture of the particle necks,
and (ii) friction arising from subsequent particle rearrangement. A rough estimate of
the former contribution can be made readily by calculating the area of broken

particle necks within the localized region. The result is

I = (np1p0?)(w/d)(1-9)T, 3)

where np is the number of necks per particle (= 3, assuming a particle coordination
number of 6); Vb, is the fractional number of necks that break within the localized
volume (the volume being taken as w2 t); d is the particle diameter (= 1 pm); o is the
ratio of the neck diameter to the particle diameter (roughly 0.1); and I'r, is the
fracture energy of the necks (= 1 J/m?2). An upper bound estimate of this

contribution is obtained by assuming that all of the necks break (y, = 1), yielding the
result, I'/w = 2 x 104 ] /m3. By comparison, the measurements give a value which is
more than two orders of magnitude greater: I'/w = 4 x 106 J/m3. The inference is that
the majority of the energy is dissipated through friction following fracture of the
necks, not through the fracture process itself. Though a suitable model for the
frictional contribution is not available, it is expected that this contribution would
also scale inversely with particle size (analogous to Eqn. 3), because the relevant
energy dissipation mechanism operates at the scale of the matrix particles. Thus, the

large fracture energy can be attributed to the fine scale of both the matrix porosity
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and the matrix damage, coupled with the diffuse nature of the localized
deformation band.

The two panels of +45° material yielded slightly different failure properties:
one with a slightly higher strength and a lower failure strain than the other (60 MPa
vs. 50 MPa, and 0.25% vs. 0.35%). Given the similarities in the matrix porosity and

fiber content in these panels, the origin of the differences is not known.

4, NOTCHED PROPERTIES
4.1 0°/90° Orientation

The trends in the net-section tensile strength, oy, with hole radius, a, are
plotted in Fig. 6. Also shown are the expected results for two limiting cases:

(i) completely notch-insensitive (o6x/0o = 1, with 6, being the unnotched strength),
and (ii) strongly notch-sensitive (6n/0o = 1/kg = 0.35, where ko is the elastic stress
concentration factor). The measured strengths were between these limits. Moreover,
the strength decreased gradually with increasing hole diameter, indicating a
scale-dependent strength. Essentially identical results have been obtained for
SiC-based CMCs with weak interfaces [20]. That is, the relative reductions in strength
are the same at a given hole diameter.

The development of the local tensile strain ahead of the hole edge is shown
in Fig. 7. The strain initially increased linearly with stress. Beyond 0.2% strain, large
inelastic strains were obtained, reaching values of ~ 0.7-1.2% at the stress maximum.
It is surmised that a portion of the apparent strains may be associated with the
formation of a macroscopic crack through failure of the fibers and the local opening
of this crack prior to fracture, rather than uniform straining of the composite.

Regardless of whether such cracks form, the measurements clearly indicate that
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failure is not precipitated when the local strain reaches the unnotched failure strain
(= 0.2%), further supporting the idea of a scale-dependent strength.

The effects of nonlinear deformation on the local stress distribution in the
open hole specimens have been calculated from both the nonlinear continuum
model and the shear band model. The predicted distributions of the normal stress
on the incipient fracture plane are shown in Fig. 8(a). The corresponding
distribution of the effective plastic strain obtained from the continuum model is
shown in Fig. 8(b). (Here the effective plastic strain is defined in the same manner as
in metal plasticity.) The plastic strains are concentrated within long, narrow bands,
oriented parallel to the loading direction. Indeed, the shape of this plastic zone was
the motivation for also using the shear band model for calculating the stresses. The
elongated shape is due to the strong anisotropy in the inelastic straining behavior, as
seen in Figs. 2 and 3. At stresses near the measured strength, the plasticity causes a
reduction in the normal stress along the incipient fracture plane over a distance of
~ a/2 (Fig. 8(a)). This reduction is ~ 15% near the hole edge. The results obtained
from the shear band model show reductions that are somewhat smaller (~ 10% at
the hole edge) and diminish to zero at a distance of ~ a/4. The differences are due to
the absence of hardening in the shear band model and hence the reduced
effectiveness of the band in spreading plasticity and reducing stress concentrations.

The predicted stress distribution coupled with the point stress failure criterion
have been used to rationalize the effects of hole size on strength. The results are
plotted on Fig. 6. Upon comparison of the calculations with the measurements, the
characteristic distance inferred from the continuum model is = 0.5-0.75 mm,
whereas the one from the shear band model is = 0.75-1.0 mm. These values are
comparable to those inferred from similar notch-sensitivity studies on dense-matrix

weak-interface CMCs [20].
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Figure 9 shows a photograph of a typical fractured test specimen. The
specimens exhibited a fibrous appearance, é consequence of fiber failure occurring
over a wide range of axial locations. The inference is that the porous matrix is
effective in deflecting cracks, thus allowing fiber failure to occur in a more or less
random manner. The unnotched specimens exhibited the same features.

Complementary information about the notch-sensitivity in the 0°/90°
orientation was obtained from the edge-notched flexure tests. The results are plotted
in Fig. 10. In this configuration, the degree of notch sensitivity in the ultimate
strength was lower than that in the open-hole tensile specimen, despite the higher
notch acuity and the correspondingly higher elastic stress concentration.

The predicted distributions of the normal stress along the incipient failure
plane within the flexure specimens are plotted in Fig. 11. Inelastic straining causes a
reduction in the stress concentration very near the notch tip, over a distance
comparable to the notch root radius (0.2 mm). Additionally, the stress decays more
rapidly than in the center-hole specimens, because the loads are applied through
bending. The combination of the bending and the notch acuity results in only a very
small volume of material being subjected to elevated stress. In the present geometry,
the size of the zone in which the normal stress exceeds the maximum nominal
net-section stress is only ~ 0.4 mm. This distance represents less than half of the
width of a fiber tow. Despite the persistence of a high stress level very near the notch
tip, the strength exhibits minimal notch sensitivity: a direct consequence of the
volume-dependence of strength. Clearly, if the tensile strength was deterministic,
the degree of notch sensitivity in the edge-notched flexure specimens would be
significantly higher than that of the center-hole tensile specimens because of the
differences in stress concentration. Upon application of the point stress criterion, the

inferred characteristic distance is found to be d = 0.5 mm.
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A characteristic feature of the notched-flexure test is the "tail" in the
stress-displacement curve beyond the load maximum (Fig. 10). The deformation in
this regime occurs stably, with no precipitous load drops. The work of fracture, W,
measured by the area under the curve, is = 6000 J/ m2, with an equivalent
steady-state fracture toughness, K = W ~ 25 MPa \m. The latter value is about
an order of magnitude higher than that of comparable monolithic ceramics (either
alumina or mullite). The inferred toughness is expected to dictate the
notch-sensitivity in the regime of long cracks or notches, defined by a>ac=a
E W¢/ o%, with a. being a critical crack length and a a numerical coefficient of order 2.
Using the measured values of the relevant parameters yields ac = 30 mm.

Figure 10 also shows the predicted response of a sharply-notched specimen
subject to small-scale yieldiﬁg, with an initiation toughness K, = 12 MPa Vm
(selected to give the same stress maximum as the measured value). Details of the
calculation are in the Appendix. Beyond the stress maximum, the predicted curve
strongly underestimates the measured response, indicating an increasing fracture
resistance with crack growth. This result is qualitatively consistent with the high
steady-state fracture toughness (25 MPa \/m ), obtained from the work of fracture.
Models based on large-scale yielding would be required to simulate the full
response. Thé latter conclusion is further supported by the observation that the
notch length (6 mm) is considerably smaller than that required for small scale

yielding models to be applicable (a > ac = 30 mm).
4.2 145" Orientation

The notched behavior in the + 45° orientation was dramatically different. The
key results are plotted in Figs. 12 and 13 and the fractured test specimens are shown
in Fig. 14. In the presence of center-holes, the strength was essentially

notch-independent; indeed, there was some indication of notch strengthening (by
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~10-15%) at larger hole sizes (Fig. 12). As in the unnotched geometry, failure
occurred by the formation of a diffuse localized deformation band. Final fracture was
along a plane passing through the hole and inclined at ~ 45° to the loading direction
(Fig. 14). Failure was accommodated by extensive matrix fragmentation and fiber
rotation but minimal fiber fracture.

Measurements of the local strains at the edges of the center holes revealed
substantial elevations in the extent of inelastic straining prior to failure (Fig. 13).
That is, the local strains reached values of ~0.7-0.8% at the stress maximum: ~2-3
times the values obtained in the unnotched tests. Evidently the constraint associated
with the hole suppresses the onset of localization within the most heavily stressed
regions (immediately ahead of the hole), resulting in the observed
notch-insensitivity. This constraint also appears to elevate slightly the average
net-section stress at failure, above that of the unnotched geometry.

Failure of the +45° specimens containing edge-holes occurred in a similar
manner, with two notable differences. (i) Because of the tendency of failure to occur
at ~45° to the loading direction, the fracture plane passed through only one of the
two holes (Fig. 14(b)). Consequently, the relevant net-section is dictated by the
dimension 2w-a (rather than 2w-2a). (ii) The increase in the effective net-section
resulted in an elevation in notched strength above that of the center-hole geometry.
Assuming failure occurs at a critical value of the net-section stress, the strength of
the edge-hole geometry is predicted to be

oN l1-a/2w

—0'—0_ B l-a/w @)

In the present case, a/w =1/3 and thus 6N/ 0o = 1.25 (Fig. 12). As in the case of the
center-hole geometry, the measured strengths exceeded the net-section prediction

(by ~10%), because of the constraints associated with the holes.
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For both the center-hole and edge-hole geometries, the post-localization
behavior was essentially the same as that of the unnotched specimens. Notably, the
localized zone was diffuse and of a length dictated by the specimen width. In
addition, the inelastic displacements and fracture energy scaled with specimen
width, as shown in Fig. 4. These trends further illustrate the absence of

notch-sensitivity in the +45° in-plane properties.

5. DISCUSSION

The results clearly show that inelastic straining and damage tolerance in
CMCs can be enabled through fine-scale matrix porosity, without a fiber coating to
promote crack deflection and fiber-matrix sliding. The following discussion focuses
primarily on the role of this porosity in both the axial and the off-axis properties.

Broadly, damage tolerance in CMCs is effected by the arrest or deflection of
cracks, emanating from either the matrix or the fibers. The conditions for deflection
can be determined by comparing the energy release rates associated with penetration
across the interphase boundary, Gp, and deflection along the boundary, Gg, with the
appropriate toughnesses. The relevant solutions for plane cracks have been
developed by He and Hutchinson [31]. The key material property dictating the ratio
Ga/Gp is the elastic mismatch parameter: o = (E1 - Ez/(E1 + Ez) where E is the plane
strain modulus, and the subscripts 1 and 2 refer to the uncracked and cracked
materials, respectively. Using the elastic moduli of the fibers and the porous matrix,
the mismatch parameter relevant to cracks emanating from the matrix and
impinging on the fibers is o = 0.85. The corresponding energy release rate ratio,
obtained from Fig. 3 of [31], is Gq/Gp = 1.4. Crack deflection is thus predicted to occur
when I'j/T¢ < 1.4, where T'; and T's are the toughnesses of the fiber-matrix interface

and the fibers, respectively. In the absence of a fiber coating, the interface toughness
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is expected to be similar to that of the porous matrix, I'm. Moreover, measurements
on porous monolithic ceramics indicate that the latter toughness follows a scaling

similar to the one in Eqn. (1); that is [28]

Iﬂm/r\l% = 1_pm/po (5)

where I“fn is the toughness of the fully-dense matrix. For the matrix in the present

composite, pm/po = 0.87, and thus I'm/ I“?n = (0.13. Assuming that the fiber toughness is

comparable to that of the fully-dense matrix, the relevant toughness ratio becomes
TI'i/Ts=0.13: about an order of magnitude lower than the critical value for
penetration. The conclusion is that matrix cracks should deflect along the
fiber-matrix interfaces rather than penetrate into the fibers.

A similar approach has been used to establish the minimum porosity level
needed to enable crack deflection; below this level, matrix cracks will penetrate into
the fibers and the damage tolerance will be lost. For this purpose, the energy release

rate ratio in the regime o 2 0 ratio has been fit by the function
Ga/Gp = 0.24 (1-0) 091 (6)

Then, combining Eqns. (1), (5) and (6), and taking the moduli of the fibers and the

fully-dense matrix to be equal, the critical matrix porosity is found to be

024(1- P /Po) "t (1-Pm/2p0) " = 1 @)

which has the solution py, = 0.27. Below this level, fiber coatings would be needed to

enable crack deflection.
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In principle, a similar approach might be used to assess the fate of cracks
emanating from the fibers and impinging on the matrix. However, the analysis is
complicated by the inelastic deformation of the matrix at the strains at which fiber
fracture begins. The tension results indicate that this inelastic straining begins at
strains as low as 0.05%; at strains of 0.2-0.3%, the effective matrix modulus is largely
reduced, as manifest by the reduction in the 0°/90° tangent modulus (to the level
associated with the fibers alone), and the onset of macroscopic localization in the
+45° tests. At the higher strains, it would appear that the matrix more closely
resembles a granular medium than a real solid. Consequently, the existing analysis
for determining the crack trajectory is not valid.

It is expected that in the absence of a contiguous "solid" matrix, the stress
associated with a fiber break cannot be readily transmitted to neighboring fibers and
thus the sequence of fiber damage events should occur in a spatially random
fashion. Indeed, this is consistent with the observations on the fractured test
specimens. A tentative conclusion is that the damage tolerance is enabled in part by
the fragmentation of the matrix prior to fiber fracture, thus decoupling the fibers
from one another once they begin to break. Moreover, sliding of the broken fibers
past the matrix is still expected to be resisted by friction, allowing load to be
transferred to the broken fiber. As a result, the strength of the fiber bundle will be
elevated, above that of the dry bundle. Nonlinear constitutive laws for brittle,
porous materials are needed to model the load transfer behavior and its effect on
both the development of fiber breakage and the fiber bundle strength.

The distributed nature of the matrix damage also has implications in the
mechanical behavior in the + 45° orientation. That is, moderate amounts of global
inelastic strain (~ 0.2-0.3%) can be obtained after the onset of matrix damage. This
strain is accommodated by comminution of the matrix and rearrangement of the

resulting matrix particles. The observation that the first damage event (taken at the
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onset of nonlinearity) does not lead to catastrophic fracture also suggests an
important role of the fibers in distributing the damage and preventing localization
of the deformation. Such constraints would not occur in unidirectionally-reinforced
composites in off-axis loadings, since matrix damage could spread readily along
narrow bands parallel to the fibers. Evidently the woven fiber architecture delays the
onset of localization and promotes the development of long, diffuse deformation
bands. Similar constraint effects have been observed in fiber-reinforced metal- and
polymer-matrix composites, with angle-ply laminates exhibiting higher failure
strains and stresses than the corresponding unidirectional off-axis laminates [32]. In
each of the latter cases, however, the load bearing capacity is dictated by a fracture
event rather than a plastic instability.

The effects of the fiber architecture on the flow response in the *45°
orientation can be further rationalized using an analogy based on constrained
deformation in metal bicrystals (Fig. 15). At the simplest level, the composite can be
treated as a laminate comprising anisotropic elastic-plastic laminae, with the plastic
deformation within each lamina being confined to a state of simple shear parallel to
the fiber direction. If compatibility is to be maintained at the inter-laminae interface,
shear straining within each lamina will be heavily constrained by the neighboring
laminae. Similar constraints would be obtained in anisotropic metal bicrystals,
oriented to produce slip on only one system in each of the two crystals, as illustrated
in Fig. 15. Clearly, the constraints of the two grains would elevate the yield stress
and promote work hardening. Without these constraints, and in the absence of
intrinsic work hardening, a single crystal with one of these two orientations would
undergo strain localization immediately upon yielding. It is surmised that the
porous matrix within the composites has negligible intrinsic work hardening
capacity and that the development of stable plasticity in the 2D architectures is a

manifestation of analogous constrained deformation.
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The absence of notch sensitivity in the * 45° orientation is also attributable to
the inelastic deformation and the eventual plastic instability that dictates the
ultimate strength. A key related feature that enables this notch insensitivity is the
absence of an easy deformation path in the through-thickness direction. As a
consequence, the length of the localized deformation band scales with the specimen
width, rather than the thickness. The diffuse nature of this band allows for more
effective redistribution in stress around the holes prior to localization. If the
inelastic response was isotropic (as in metals), localization would occur by
deformation in the thickness direction, at lower levels of applied stress. The
spreading of the subsequent localized deformation would then dictate the
notch-sensitivity, analogous to that of thin metal sheets [33, 34], and the strength

would exhibit some notch sensitivity.

6. CONCLUDING REMARKS

Damage tolerance in CMCs can be enabled by matrix porosity, without the use
of fiber coatings. The porosity serves to lower the matrix modulus and hence reduce
the driving force for the penetration of matrix cracks into the fibers. Limits on the
acceptable porosity level to effect this behavior can be established through the use of
existing crack deflection criteria. Additionally, the pores act as sites for microcracking
and comminution of the matrix during straining, with substantial energy
dissipation occurring upon rearrangement of the resultant matrix particles. This
damage also mitigates the stress concentration associated with fiber breaks. In
off-axis orientations, the fibers play a central role in spreading the inelastic
deformation and inhibiting strain localization. Further understanding of the
deformation and fracture properties of these composites and the design of optimal

matrix microstructures require the development of models for the inelastic
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response of porous ceramic materials, with the porosity level being a key variable.

This is the focus of ongoing research activities.
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APPENDIX

The predicted load-deflection response for an edge-notched 3-point flexure
specimen subject to small scale yielding was obtained from well-established fracture

mechanics solutions. The load, P, required for crack growth at a crack length, a, is [35]

2K, w? t
3s./ma F(a/w)

P(a) = (A1)

where w and t are the width and thickness of the specimen, respectively, s is the

span between loading points and F (a/w) is

199-a/w(l-a/w)[215-393(a/w)+27(a/w)’|
Jr (1+2a/w) (1-a/w)”

Fla/w) = (1.1-0.1a/w) (A2)

The deflection, A(a), is the sum of the deflection of an uncracked specimen and that

due to the crack:

Ps® 3Ps?

Ala) = +
(=) 4Ew’t 2w?Et

Va(a/w) (A3)

where E is the elastic modulus (~100 GPa for the oxide composite) and V3 (a/w) is

a/w

1-a/w

V,(a/w) = ( )2 {5.58 ~19.57(a/w)+36.82(a/w)* —34.94(a/w)’> +12.77(a /w)4}

(A4)
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Table I Summary of Composite Panels

Panel Designation Fiber volume Composite Matrix porosity,
fraction, f (%) porosity, pc (%) Pm (%)
0°/90° - 1 41 249 422
0°/90° - 2 42 22.3 38.4
0°/90° -3 38 24.7 39.8
0°/90° - 4 39 23.7 38.9
+45° -1 37 245 38.9
+45° -2 38 246 39.7
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FIGURES

Figure 1
Figure 2

Figure 3

Figure 4

Figure 5

Figure 6

Figure 7

Figure 8

Figure 9

Figure 10

Schematics showing (a) the center-hole, and (b) edge-hole geometries
Properties in the 0°/90° orientation, measured in tension and in flexure.

Tensile stress-strain behavior in the +45° orientation: (a) panel £45° -2,
and (b) panel £45° ~ 1. The strain gauge measurements were obtained
from one specimen at various locations along the gauge length.

Effects of specimen width on the post-localization tensile response in the
+45° orientations, as characterized by (a) the stress-displacement
behavior and (b) the energy dissipation. For the center-hole specimens,
the relevant stress in (a) is the net-section stress, o), and the net-section
width is 2w-2a; for the edge hole specimens, the corresponding quantities
are oy (1-a/2w)/(1-a/w) and 2w-a.

Macrophotographs of a fractured *45° tensile specimen, viewed in two
orthogonal directions.

Notch-sensitivity of strength in the center-hole tensile specimens in
0/90° orientation.

Development of local tensile strain immediately ahead of the holes in
the 0°/90° orientation. The two curves correspond to gauges located at
opposite locations within the same specimen.

Distributions of (a) the normal axial stress and (b) the effective plastic
strain in the center-hole specimens.

Macrophotograph of a fractured 0°/90° specimen.

Stress-displacement response of an edge-notched flexure specimen

(a =6 mm, w =12 mm). The dotted line is the predicted response for a
material subject to small scale yielding. The horizontal dashed line is the
predicted strength based on the shear band model and the point stress
failure criterion.
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Figure 11

Figure 12

Figure 13

Figure 14

Figure 15

30

Distribution of normal stress in the edge-notched flexure specimen along
plane of minimum cross-section (net width, w —a = 6 mm).

Notch-sensitivity of strength in *45° orientation.

Development of local strain at hole edge in the center-hole specimens in
the * 45° orientation. Arrows indicate strains at the stress maxima.

Macrophotographs of +45° specimens, with (a) a center-hole, and
(b) edge-holes.

Schematic of an anisotropic metal bicrystal, oriented for slip parallel to

the two Burgers vectors bj and by.
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Figure 1.
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Schematics showing (a) the center-hole and (b) the edge-hole geometries.
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Figure 5.

Macrophotographs of a fractured +45° tensile specimen, viewed in two orthogonal
directions.
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Figure 9.

Macrophotograph of a fractured 0°/90° specimen.
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yielding. The horizontal dashed line is the predicted strength based on the shear band
model and the point stress failure criterion.
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Figure 14.

Macrophotographs of + 45° specimens with (a) a center-hole, and (b) edge-holes.
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Schematic of a metal bicrystal, with the front and back crystals oriented for slip parallel to the
Burgers vectors by and by, respectively.
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ABSTRACT

Continuous fiber ceramic composites (CFCCs) based on oxides are of interest for
high temperature applications owing to their inherent oxidative stability. An ena-
bling element is a matrix with an optimum combination of toughness and strength
which may be achieved by incorporating a controlled amount of fine, well distrib-
uted porosity. Implementation of this concept by vacuum infiltration of aqueous
mullite-alumina slurries into 2-D woven preforms of alumina fibers has been in-
vestigated. Evaluation of these materials shows stress-strain characteristics similar
to other CFCCs, especially C-matrix composites. Moreover, promising notch and
creep properties have been found. Microstructural and processing issues relevant to

the attainment of these behaviors are discussed.

*  Sponsored by the Defense Advanced Research Projects Agency under University Research Initiative
Grant N00014-92-]-1808, supervised by Dr. W. Coblenz and monitored by Dr. 5.G. Fishman of the
Office of Naval Research.

§ A.G. Evans is also with the Division of Applied Sciences at Harvard University.

9/25/97,13:06

60



Levi et al.: Processing and Performance of an All-Oxide Ceramic Composite Page 2

1. INTRODUCTION

Continuous fiber ceramic composites (CFCCs) with suitably tailored interfaces
can exhibit inelastic deformation characteristics which enable them to retain
strength in the presence of holes and notches.l It also renders them amenable to de-
sign and life prediction strategies developed for metals. This damage tolerance,
coupled with their inherent refractoriness, has enabled CFCCs to emerge as candi-
dates for many high temperature thermostructural applications.2 Of particular in-
terest is their use for combustors,3 wherein the ability to operate at high tempera-
tures with reduced need for cooling air can yield substantial benefits in efficiency
and also provide control of deleterious emissions, such as NOx.4

Most CFCC systems are based on SiC fibers with either oxide or non-oxide ma-
trices, and interphases consisting of various combinations of C, BN and SiC. The
latter are tailored to enable interfacial debonding and crack bridging to occur upon
matrix cracking, accompanied by internal friction.1> However, these systems are
susceptible to embrittlement by oxygen ingress through the matrix cracks, followed
by reaction with the interphase and the fibers.6-9 The kinetics are particularly debili-
tating at intermediate temperatures (500-900°C) and upon cyclic loading.7.? The em-
brittlement problem imposes major design limitations by requiring that the stresses
remain below the matrix cracking stress. This deficiency has motivated the search
for CFCCs based on environmentally-stable oxide constituents.10-18

Development of all-oxide composites has followed two distinct microstruc-
tural design paths. One is based on the weak interface concept, typical of most
CFCCs. It uses either fugitive layers1? or stable oxide interphases with suitably low
fracture toughness.1”7 The second implicitly accepts the formation of strong inter-
faces. It builds on the experience with porous interlayers as crack deflection

paths19:20 and extends the concept to utilize a porous matrix as a surrogate. The
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concept has been successfully demonstrated,11:14,18 but only limited information is
available in the open literature. The design and stability of the matrix microstruc-
ture are arguably more critical in the latter approach than with more conventional
weak-interface materials. The present investigation was undertaken to explore a
concept for a stable, porous oxide matrix as well as the mechanical performance of
the resulting composites.

The information is organized in the following manner. The underlying mi-
crostructural design concept for the matrix is elaborated, followed by an identifica-
tion of the materials to be used. Subsequently, key elements of the processing sci-
ence and technology are addressed. These include a specification of the manufactur-
ing sequence, a sintering study that guides the choice of materials to be used for the
matrix, as well as a characterization of the composite microstructure. Thereafter,
several essential thermomechanical properties are measured and analyzed. Ini-
tially, the capacity of the composite to exhibit inelastic deformation is determined in
the 0°/90° and #45° orientations. Such results reveal that these composites exhibit
damage tolerance comparable with other “fiber-dominated” CFCCs. Moreover, the
effects of thermal exposure on the 0°/90° tensile properties are determined in order
to characterize fiber degradation effects that might arise either during manufacture
or in service. Finally, some preliminary results are obtained concerning the inter-
laminar shear properties as well as the in-plane creep strength and notch perform-
ance, which relate to design and lifing issues.

The general conclusion reached is that these materials have mechanical char-
acteristics comparable with those established for C-matrix materials (such as SiC/C
and C/C), with attendant implications for thermostructural performance. The key
differences with the C-matrix materials concern their superior oxidative stability

and their differing creep response.
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2. MICROSTRUCTURAL DESIGN

The microstructure must be designed to have a sufficiently low toughness to
enable crack deflection through the matrix while maintaining enough strength for
adequate off-axis and interlaminar properties.18 These seemingly contradictory re-
quirements are achievable by incorporating a controlled amount of fine, uniformly
distributed porosity.1821 Acceptable matrix performance dictates a stable and well
bonded particle network with substantial void space, of order ~30%, on a scale com-
parable with the interparticle spacing. Fine matrix particles would be preferred to
enhance packing density and uniformity within the fiber preform, as well as the
nominal strength of the matrix. However, fine particles also reduce the stability of
the matrix against densification during processing and service, promoting the evo-
lution of undesirable flaws under the constraint imposed by the fibers.22, 23

Mullite emerges as an attractive matrix material owing to its excellent creep
resistance, low modulus and, as noted below, generally sluggish sintering kinetics
below ~1300°C. The latter suggests adequate microstructural stability for applications
in the gas turbine engine, where initial target wall temperatures are in the range
~1000 to ~1200°C. However, it presents a challenge in processing. That is, tempera-
tures above ~1300°C would be required to achieve the requisite bonding between the
matrix particles, yet most commercial oxide fibers are susceptible to microstructural
degradation at these temperatures.1624 Ideally, neck formation with minimal
shrinkage should be promoted by operating in regimes dominated by surface and
vapor transport mechanisms.2> However, this approach has not provided the reg-
uisite strengths. Liquid precursor impregnation and pyrolysis provides another
avenue to build the interparticle necks, but the initial matrix must have sufficient

strength to withstand handling.14
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The proposed matrix design concept is depicted in Figure 1. Relatively large
(~1 um) mullite particles are packed between and within tows to form a touching,
non-shrinking network. Alumina particles that fit within the void spaces of this
network (~200 nm) are added in a proportion limited primarily by the requisite lev-
els of porosity. Since sub-micron alumina sinters readily above 800°C,22 the fine
particles form bridges between the larger mullite particles, as well as between the
mullite particles and the fibers, at processing temperatures which minimize fiber
degradation. Interparticle voids may locally open owing to the sintering, but the
overall matrix is constrained from shrinking by the rigid mullite network. The ma-
trix is further strengthened by adding material to the alumina "bridges" using pre-

cursor impregnation and pyrolysis, as discussed below.

3. IMPLEMENTATION

3.1 Materials

Reinforcements used in this investigation were Nextel 610™ and 720™ (2)
fibers woven in 8-harness satin fabric (float length 6.5 mm). The tows in the fabric
contain ~400 filaments with diameters of 10-12 pm. The tow denier is 1500 and the
yield is 6000 m/kg. The aspect ratio of the tow cross section is ~10. N610 fibers are
essentially pure (>99%) polycrystalline a-Al203,26:27 whereas N720 consist of a mix-
ture of fine grained mullite and alumina which exhibits improved creep strength
and stability against coarsening relative to the N610 fiber.28

The pristine, unwoven N610 and N720 fibers are reported to have mean
filament strengths of ~3 and ~2.1 GPa, respectively, for a 25 mm gauge length, with a
similar Weibull shape parameter, m = 10.27.28 Since the difference in strengths is

accompanied by a similar difference in Young’s modulus, (380 and 260 GPa for N610

a2 Nextel 610™ and Nextel 720™ are trademarks of the 3M Corporation, Minneapolis, MN. For sim-
plicity they will be abbreviated hereafter as N610 and N720.
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and N720, respectively,27.28) the anticipated mean failure strain, ¢, for pristine fibers
is ~0.8% in both cases. However, some degradation may be expected to take place
upon weaving. Such effects have been probed by performing fiber bundle tests on
tows extracted from the as-received fabric,2? using a recently developed piezo-
spectroscopic technique to monitor the fiber stresses.2¢ For the N610 fibers, these
measurements yielded a dry bundle strength, op = 2.6 GPa, and a corresponding fail-
ure strain of ~0.7%.29 The measured bundle strength is essentially identical to the
value calculated on the basis of the monofilament data (2.3 < o, < 2.7 GPa), indicat-
ing negligible degradation in fiber strength upon weaving. In contrast, similar
measurements on the N720 fibers revealed significant degradation. Notably, the
strength and failure strain of the extracted tows are ~0.9 GPa and ~0.3%,%° respec-
tively; approximately half of the calculated values for the pristine (unwoven) fibers
(~1.6 GPa and ~0.7%). The properties obtained on the extracted tows are thus the ap-
propriate baseline on which the properties of the CFCCs must be assessed and the
degradation effects associated with composite processing identified. Indeed, degrada-
tion effects associated with high temperature exposure have been reported for ear-
lier generations of the N610 fibers, with dry bundle strengths diminishing from
~1.6 GPa to ~1.1 GPa after 4 h at 1200°C, and to 0.97 GPa after 1h at 1300°C, and the
accompanying failure strains dropping to ~0.3%. Because of this susceptibility to
strength degradation and the lower creep strength of the N610 fiber, studies on the
elevated temperature properties have focused primarily on N720.

The mullite powder selected is MU-107 (Showa Denko K. K.), with mean par-
ticle size of ~1 pm and BET surface area of 7.5 m?2/g. The chemical analysis shows
75.5% Al,O3 and 24% SiO; (by weight), with only trace amounts of TiO2, Fe2O3 and
NagO. The particle size distribution ranges from <0.5 um to >2.5 um, which is
rather broad from a microstructural design perspective (Figure 1), but offers advan-

tages towards attainment of reasonable packing densities. The alumina powder is
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AKP-50 (Sumitomo Chemical) with a mean particle size of ~0.2 pm (0.1-0.3 pm) and
BET surface area of 10.6 m2/g. Its chemistry is essentially pure (99.995%) a-Al;Os.
The precursor used to strengthen the matrix is a solution of aluminum hydroxyl-

chloride, Al,CI(OH)s, which yields 8.2% of Al;03 by weight.

3.2  Manufacturing Process

The geometry of interest is a flat panel, 200 x 125 x 3 mm, with a 2-D laminate
architecture. The reinforcement content, f, was ~3614 vol.%, comparable to that of
other fabric CFCCs. The fabric was arranged in two different orientations: one with
the fibers parallel to the panel edges (designated 0°/90°) and the other rotated by
145°. The processing route is summarized in the flowchart of Figure 2. A matrix
slurry containing ~30% solids is prepared by mixing the mullite and alumina pow-
ders in the desired proportions into deionized water, using HNOj3 to adjust the pH
to ~3. The latter allows repulsive interactions to develop between the oxide parti-
cles, providing the appropriate rheology to facilitate their flow into the fiber preform
and their subsequent packing.30 Dispersion of soft agglomerates is promoted by a
combination of mechanical and ultrasonic agitation.

The cloth is cut into 200 mm x 125 mm pieces having the desired orientation
(0°/90° or +45°). The pieces are stacked in a loose preform and de-sized by heating to
550°C for 0.5h. The fiber content of the cloth is 9.3 mm3/cm? and thus a 3 mm plate
with a fiber volume fraction of ~36% requires ~12 layers. After de-sizing, the fiber
preform is placed between two perforated stainless steel plates which act to constrain
the cloth within the desired thickness during the filtration process. The assembly is
then placed in the middle of a chamber with capabilities for evacuation through
both top and bottom. An amount of slurry calculated to fill the preform is poured
on top, whereupon the chamber is closed and evacuated from both top and bottom

to eliminate air bubbles trapped within the preform. The top portion of the chamber
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is then open to the atmosphere while vacuum is maintained in the bottom to drive
the filtration process. Full infiltration is typically accomplished in a few hours, de-
pending on the fiber packing and the rheology of the slurry.

After consolidation, the panels, still within the stainless steel frame, are re-
moved from the filtration chamber and dried over a period of approximately 48 h,
with the last 4 in an oven at 120°C. Once dry, the green panels are separated from
the metallic frame and given an initial sintering treatment at 900°C for 2 h to pro-
mote the development of alumina bridges between the mullite particle network.
The composites are subsequently impregnated with the alumina precursor solution
under vacuum, dried in open air under an infrared lamp, and heated to 900°C for
2 h to pyrolyze the precuréor. The materials discussed in this paper were impreg-
nated four times. Following the last cycle, the panels are given a final sintering
treatment, typically 2 h at 1200°C, which also serves to stabilize the precursor-
derived alumina to the corundum (o) structure. The implications of this final step

with regard to potential fiber degradation are discussed in Sections 4 and 5.

3.3  Matrix Sintering

Studies of the effect of alumina additions on the sintering of mullite were
used to select a suitable matrix composition. Samples of unreinforced matrix,
90 x 32 x 4 mm were consolidated by vacuum filtration from slurries similar to those
used to fabricate the composites. Nominally pure alumina and mullite compacts
were prepared, as well as mixtures containing 10, 20, 30 and 50% Al,O3 by (solid)
volume. The samples were first dried in ambient air for 24 h and then slowly
heated to 120°C and held at this temperature overnight. Once dried, each specimen
was given a 24 h treatment at 550°C and then sequential treatments at 900-1400°C in
100°C intervals. For each step the samples were heated at ~ 3°C/min up to the de-

sired temperature, held for 2h and then cooled down at ~5°C/min. (The slow tem-
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perature ramping was aimed at minimizing the risk of cracking or chipping which
would impair the accuracy of the measurements. Examination of these samples de-
tected no microcracking at any stage.) The packing densities were measured after
each step following the ASTM C20-92 standard, as were the external dimensions of
the specimens.

The results are summarized in Figure 3. The differing behaviors of the pure
alumina and pure mullite compacts lend support to the proposed microstructural
design concept. The porosities for the as-consolidated (wet) compacts were esti-
mated from the packing densities after drying at 120°C and the corresponding
change in volume during drying. The packing decreases slightly for alumina con-
tents >50%, associated with the narrower distribution of particle sizes in the finer
alumina powder. For each composition, the change in porosity relative to the as-
consolidated condition is reflected in the shrinkage. All specimens experience a
~1.740.2% linear contraction upon drying, reflected as a ~3% change in the apparent
porosity. Specimens with < 50% Al2O3 undergo little additional change during sin-
tering at temperatures up to 1200°C. Since the processing temperatures are of this
order, there should be no substantial impact of the Al;O3 content on the evolution
of porosity (microstructure stability) within the mullite-rich range. However, the
1400°C data may be more relevant to the long term properties. These data suggest
that the shrinkage increases more rapidly for compositions above ~20% Al2Os.
(This may be related to the evolution of percolation paths between the alumina par-
ticles.) Consequently, the initial composites were based on a 20% alumina matrix.

It is noteworthy that all mullite-rich mixtures maintain porosity levels above
~30%, even after heating to 1400°C, with attendant implications for the long term
crack deflection capabilities of the matrix under service conditions. The porosity

content is likely to decrease after precursor impregnation and pyrolysis,3! but the
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initial matrix packing densities are also expected to be lower in the composites ow-

ing to the presence of the fibers.32

34  Composite Microstructure

Views of the composite microstructure at different scales, Figure 4, reveal that
the tows are well infiltrated and there are only occasional instances of large scale
voids which arise from air bubbles or pockets of unconsolidated slurry trapped by
the filtration front. The large particles within the matrix are mullite, and the finer
particles a mixture of alumina and mullite (Figure 4a). It is also evident upon
analysis of the fracture surfaces that the matrix is bonded to the fibers, presumably
through the same alumina "bridges” and/or precursor "necks" present within the
mullite network (see Section 4).

Examination at lower magnifications reveals the presence of crack-like
shrinkage flaws within the matrix, especially in regions devoid of fibers (Figure 4d).
The flaws are typically perpendicular to the fibers and tend to form 2-D arrays on
planes parallel to the fiber cloth. The results in Figure 3 suggest that the flaws
evolve primarily upon matrix shrinkage during drying. The phenomenon is in-
duced by the bi-axial constraint imposed by the reinforcements, and enhanced by the
presence of rather large unreinforced matrix regions owing to the limitations to fi-
ber packing when using woven cloth. (Such cracking did not occur in unidirec-
tional composites.1418) Because of the relatively large openings of these drying
cracks, they cannot not be "healed” by the subsequent precursor impregnation and
pyrolysis.

One avenue to alleviate the formation of shrinkage flaws is to reduce the
scale of the unreinforced matrix regions by filling the larger spaces in the preform
with short fibers. This idea was explored by coating the cloth with a paste of

chopped Al,O3 fiber with an average aspect ratio of ~10. The paste fills the cross-
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over regions, as depicted in Figures 5(a,b), and attaches randomly aligned short fibers
to the cloth surface. Layers of such cloth are assembled into a preform and processed
in the same manner. The results in Figures 5(c,d) show that the flaws have been
largely suppressed. This approach, however, further decreases the packing efficiency
and limits the volume fraction of continuous reinforcement to ~25%, which is sub-
stantially below the levels typical of current CFCC composites (235%). Efforts to find
suitable ways to minimize flaws without sacrificing the volume fraction of rein-

forcement are continuing.

4. TENSILE BEHAVIOR AT ROOM TEMPERATURE

Stress-strain curves for both materials have been measured in tension in the
0°/90° and +45° orientations, as needed for implementation in numerical design
codes. The test procedures have been described elsewhere.33 Periodic unload /reload
measurements have been used to assess the incidence of damage evolution (from
modulus changes), as well as the occurrence of internal friction (from hysteresis
strains).3435 The results are reminiscent of those found for “fiber dominated” C-
matrix composites, such as C/C and SiC/C.5,33,36-39

In the 0/90° orientation the tensile response is essentially linear with only
small inelastic strains, Figure 6(a), similar to that observed in SiC/C systems,53?
Figure 6(b). The behavior is quite reproducible, with stress-strain curves for a given
volume fraction and set of processing conditions falling within a relatively narrow
band. The initial moduli (~100 and ~60 GPa for the N610 and N720 composites, re-
spectively) are consistently larger than those expected from the axial fibers alone
(fE¢/2 =75 and ~50 GPa, respectively), reflecting a contribution from the matrix and
the transverse reinforcements. The average failure strain for 14 specimens from
five different panels of N610 composite (33-39% fiber) sintered at 1200°C was 0.27%.

These failure strains are smaller than those expected for pristine tows of comparable
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gauge length, even after weaving, but are consistent with the values reported for
N610 fibers subjected to thermal cycles similar to those used in composite process-
ing.24 The failure strains of the N720 composites were also of the above order, but
these strains are much closer to the values measured in tows extracted from the
woven fabric?9 (Section 3.1). These observations are in agreement with the superior
stability of the N720 fiber. They also suggest that the composite manufacturing
process does not cause significant degradation of the reinforcement beyond that ex-
pected from thermal exposure of the pristine fibers. Notwithstanding the higher
stability of the N720 fiber, composites of the latter had significantly lower strengths
at ambient temperature than those made with N610 fibers (~140 MPa vs. >200 MPa,
respectively), reflecting the initially lower strength of the N720 fiber and indicating
that strength retention in the N610 fiber is still adequate after processing. Further
work is clearly needed to understand and quantify the effects of processing on fiber
degradation and its effects on composite performance.

In the 0°/90° orientation, the fracture plane is ill-defined, with the fiber tows
breaking over a wide range of axial locations, spanning a distance of ~1 cm (Fig. 7a).
The location of the fiber breaks within an individual tow also exhibit a broad distri-
bution, typically ~1 mm in length (Fig. 7b). These observations validate the efficacy
of the porous matrix as a crack deflection medium both within and between the fi-
ber tows. The apparent “pull-out” of the fibers within the tows evolves by a differ-
ent mechanism than that typical of more conventional CFCCs, as there are no ma-
trix “sockets” apparent on the fracture surface. Instead, the intervening matrix
fragments in the region of strain localization. A fraction of particles remains at-
tached to the fiber surfaces (e.g. Figure 7c), indicative of the sites where the matrix
had bonded to the fibers by alumina “bridges” (cf. Figure 1).

In the +45° orientation, the elastic modulus is much lower (E45 = 35 GPa) and

inelastic deformation commences at moderately low stresses, <25 MPa, consistent

9/25/97, 13:06

71




Levi et al.: Processing and Performance of an All-Oxide Ceramic Composite Page 13

with domination by the porous matrix. Thereafter, appreciable inelastic strains de-
velop at an essentially constant flow stress, 6, = 50 MPa, as evident in Figure 6(a).
Upon periodic unloading/reloading the material exhibits pronounced hysteresis
with appreciable permanent strains, as illustrated in Figure 8(a), remarkably similar
to the behavior observed in C/C composites, Figure 8(b).>3¢ The inelastic deforma-
tion is accompanied by a modest reduction in modulus (E45 = 30 GPa upon unload-
ing after 0.65% strain).

The conditions for failure in the +45° orientation and the associated mecha-
nisms are sensitive to specimen width and to lateral constraints. Specifically, in
straight tensile specimens with small widths, the fibers detach from the edges and
withdraw into the specimen, causing failure to occur at relatively small strains con-
trolled primarily by the matrix. As the width increases, fiber withdrawal is delayed
and the failure strain increases. For example, the +45° specimen in Figure 6(a) had a
width of 6 mm and a strain of ~0.4% at the maximum load whereas the 12 mm
sample in Figure 8(a) achieved a strain of ~0.9% prior to the onset of softening.

Even in the latter case, most of the tows pull out from the edge of the specimen,
Figure 9(a). Matrix fragmentation also occurs, enabling the tows to rotate as they
withdraw, thereby enhancing graceful failure beyond the onset of strain localization.
This additional displacement is manifested in rather large apparent failure strains;
for example, the specimen in Figure 8(a) fractured at an apparent strain of ~2.5%. By
using edge notches to constrain the lateral fiber displacements, the achievable
strengths are enhanced to ~80 MPa, and the failure mechanism changes from matrix
to fiber control, Figure 9(b). Such effects are characteristic of notch strengthening,
clearly manifest in Figure 10. These findings highlight the need for testing method-
ologies that elicit the responses expected in actual components with larger dimen-

sions, such as combustor liners.
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The marked similarity between the inelastic responses of the present oxide
materials and the C matrix composites suggest comparable levels of damage toler-
ance enabled by their capacity for deformation upon off-axis loading. This response
enables stress redistribution by inelastic shear strains activated around strain con-
centrators, such as holes.>40 These implications are verified below through pre-

liminary measurements of the notch performance.

5. EFFECTS OF THERMAL EXPOSURE

The ambient 0°/90° tensile response after elevated temperature exposure was
studied in order to assess microstructural degradation of the fiber and/or matrix.
The results for N610 composites are summarized in Figure 11. In the absence of
stress, thermal exposure at 1200°C does not have significant effects for times up to
100 h, Figure 11(a). The ultimate strengths after 2, 24 and 100 h are within typical
experimental scatter. The fracture retains its fibrous nature, even after 100 h at
1200°C, indicating that the matrix is stable and continues to perform its function.
Increasing the treatment temperature to 1300°C has a more pronounced effect, stiff-
ening the stress-strain response but reducing the tensile strength and failure strain
(Figure 11b). The reduction in strength is comparable to that observed for N610 dry
bundles subjected to analogous heat treatments.2¢ However, there is also a notice-
able reduction in the extent of pull-out, suggesting some changes in the matrix or of
the degree of bonding at the fiber/matrix interface.

The above results suggest that the sintering of the matrix to the fibers causes
little degradation to the reinforcement beyond that expected from changes in its mi-
crostructure. The implication is that the degradation of composite properties after
exposure to elevated temperatures could be reduced by using a fiber with enhanced
microstructural stability such as N720. Similar studies on composites manufactured

with the latter fiber are currently underway.

9/25/97,13:06

73



Levi et al.: Processing and Performance of an All-Oxide Ceramic Composite Page 15

6. INTERLAMINAR PROPERTIES

The interlaminar response has been probed by performing 3-point flexure
tests on short beam specimens (45 x 6 x 3 mm) in the 0°/90° orientation. Typical
curves that relate the nominal interlaminar shear stress to the load point displace-
ment are presented on Figure 12(a). In the N610 material, the first non-linearity oc-
curs at stresses of T = 8 MPa. The subsequent response is somewhat erratic, with oc-
casional abrupt load drops corresponding to delamination events. Delamination
occurs mainly through the matrix regions between the fiber layers (Figure 12b). Evi-
dently, the cracks propagate stably, in some instances allowing the load to increase
beyond that of the first non-linearity. The peak stresses are typically in the range of
8-10 MPa. Fiber failure is minimal and the specimens retain load bearing capacity at
displacements exceeding 1 mm. Even for displacements of this order, the delamina-
tion cracks close down upon removal of the load and a substantial fraction of the
displacement is recovered.

Similar behavior is obtained in the N720 material. The onset of non-linearity
occurs at somewhat lower stresses, but the ultimate shear strengths are comparable
(~8 MPa). There is no significant change in the interlaminar response as the heat
treatment time is increased from 2h to 50h at 1200°C, again demonstrating the stabil-
ity of the matrix microstructure.

The relatively low levels of interlaminar shear strength (in comparison with
other CFCCs) are attributable to the high matrix porosity. One potential strategy for
improving this property involves additional cycles of precursor impregnation and
pyrolysis, yielding a higher matrix density. However, excessive densification may
have deleterious effects on the crack deflection characteristics of the matrix, leading
to a degradation in the tensile properties along the fiber direction. An alternate so-

lution is to introduce through-thickness reinforcing fibers. In principle, these 3-D
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fiber architectures should be readily adaptable to the present manufacturing route;

they will be explored in future research.

7. OTHER CHARACTERISTICS

7.1 Creep Strength

Preliminary studies of the high temperature creep characteristics have been
performed to assure that there are no serious degradation phenomena occurring in
these materials. The results from constant stress creep tests performed at 1200°C on
the material with the Nextel 720 fibers are presented in Figure 13(a). These materi-
als exhibit steady-state creep, unlike their counterparts with SiC fibers.41-4¢ Moreo-
ver, they have superior, unexpectedly high, creep strengths, which render them as
serious candidates for 1200°C applications. The creep rates are considerably lower
than those expected from the fibers alone, at the same remote stress, as noted in Fig-
ure 13(b). The implication is that the matrix within the fiber bundles is able to sus-
tain load by creeping at a rate comparable with that for the fibers, without extensive
cracking. This behavior also differs from that for other oxide matrix CFCCs,
wherein the matrix contributes minimally to the composite creep strength.43 A po-
tentially important feature of these materials is the initial shrinkage of the N720 fi-
bers that occurs upon exposure to ~1100°C.28 This shrinkage has been attributed to a
change in the alumina content of the mullite phase within the fiber, which is origi-
nally synthesized at 1350°C. The possible effects on composite creep have yet to be

understood.

7.2 Notch Performance

Ambient temperature tests on tensile specimens containing center holes and
edge notches indicate moderate notch sensitivity, with notches causing somewhat

greater strength degradation than holes (Figure 14). Comparisons with matrix-
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dominated CFCCs, such as woven Nicalon/SiC and cross-ply laminates of Ni-
calon/MAS, indicate similar trends in the relative strength reduction associated
with center holes (Figure 14a). Notably, the strength decreases by ~25% over the
range of hole diameters of 0 < 2a < 10 mm. Strong similarities are also obtained in
the strength characteristics of the oxide CFCCs and C/C in the presence of sharp
notches, as illustrated in Figure 14(b). Comparisons of the latter data with predic-
tions based on linear elastic fracture mechanics (LEFM) yield an inferred fracture
toughness of ~10 MPaVm. However, the oxide CFCCs exhibit less notch sensitivity
than the LEFM predictions (i.e. a'1/2), as manifested in the slope of the strength vs.
notch length plot (Figure 14b).

The moderate sensitivity of strength to the presence of holes in the SiC-based
systems has been attributed to two mechanisms:45 (i) the redistribution of stress
around the holes, enabled by matrix cracking and fiber bridging, and (ii) a volume-
dependent strength, which allows the material to sustain high stresses over the rela-
tively small volumes that are subject to this stress concentration. In the C/C com-
posites, the stress redistribution is associated primarily with inelastic shear deforma-
tion along the fiber directions.3”7 Similarities in the #45° inelastic deformation be-
havior of the oxide CFCCs and C/C, Figures 8(a) and (b), suggest that the oxide com-
posites redistribute stress in a similar manner. The specific mechanisms associated
with notched behavior and the role of volume-dependent strength in the oxide

CFCCs are subjects of further study.

8. IMPLICATIONS

A concept for all-oxide ceramic composites based on a stable matrix consisting
of mullite and alumina mixtures, in combination with polycrystalline alumina or

alumina-mullite fibers, has been developed. The material has a number of attrib-

utes:
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|

|

l

| Levi et al.: Processing and Performance of an All-Oxide Ceramic Composite Page 18

{ i) It is relatively straightforward to manufacture by conventional slurry infiltration

! methods. It does not require a fiber coating and uses relatively low cost Nextel
fibers. It thus appears to be an “affordable” material.

ii) The mechanical performance of the material is comparable to that found for
other “fiber-dominated” CFCCs, such as SiC/C and C/C.36 Given the demon-
strated thermostructural attributes of the C-matrix materials (in non-oxidizing
environments), the implication is that components made from this material
should have good performance characteristics and should behave in a similar
manner. That is, at the present level of characterization, this oxide CFCC is an
“oxidation resistant equivalent to C/C composites”. However, it remains to be
determined whether the lower thermal conductivity of the oxide material
(relative to C and SiC) and its higher density constitute a detriment to ther-
mostructural performance.

iii) The materials containing the mullite/alumina N720 fibers have unexpectedly
robust high temperature characteristics. Firstly, the sintering to the fibers of the
small alumina particles in the matrix does not appear to degrade the fiber
strength significantly. Secondly, the matrix within the fiber bundles seems to be

" quite creep resistant and apparently contributes to the creep strength of the com-
posite up to at least 1200°C, with a well-delineated steady-state strain rate. There
is no evidence of the tertiary matrix cracking phenomenon that degrades the per-

formance of SiC/SiC composites.42
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:
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Figure 1. Microstructural design of all-oxide continuous fiber ceramic composite. The fibers are
typically Nextel 610™ or 720™ from 3M. The matrix consists of a continuous network of mullite
particles bonded to the fibers and among themselves by bridges consisting of smaller alumina par-
ticles and alumina produced by precursor impregnation and pyrolysis.
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Figure 3. Evolution of porosity during heat treatment as a function of the alumina con-
tent in unreinforced mullite-alumina compacts produced by vacuum filtration under
conditions similar to those used for the composites. The average particle sizes are

~1 pm for mullite and ~0.2 pm for alumina. Details of the heat treatment are given in
the text.
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Figure 6. Tensile behavior of the oxide composites in this study (a) com-
pared with that of SiC/C composites of similar fiber content (b), from Ref-
erence [36). The strains at maximum load for the +45° specimens are ~0.4%
in (a) and ~0.8% in (b).
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Figure 7. Fracture surfaces of N610 composites in the 0°/90° orien-
tation. Note the fibrous fracture with extensive pull-out in (a), and
the residue of matrix attached to the fibers in (b) and (¢).
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Figure 8. Hysteresis behavior in the +45° orientation for the oxide composites in this
study, (a), compared with that of C/C composites of similar fiber content, (b), from
Ref. [36]). The composite in (a) reached maximum load at a strain of ~0.9% but sup-
ported a load of >40MPa up to an apparent strain of ~2.5%, when failure occurred.
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Figure 9. Fracture surfaces of composites in the +45° orientation. (a) Unnotched N610
specimen 12 mm wide showing pull-out from the edges with minimal fiber failure. (b)
Notched specimen (a/W = 0.25) showing extensive fiber failure on the fracture plane.
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Figure 10. Notch strengthening in all-oxide ceramic composites under +45° ten-
sion. Both specimens were cut from the same panel and had the same net section.
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Figure 11. Effect of thermal exposure on the ambient stress-strain behavior
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treatments.
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Figure 12. (a) Short beam shear behavior of all-oxide CFCCs in the 0°/90° orientation.
The 2h/1200°C specimens represent the as-processed condition. The 50h/1200°C speci-
men of N720 composite shows no evident effect of extended heat treatment on the inter-
laminar properties. The nominal interlaminar shear stress is calculated using the equation
7= 3P/4BD, where P, B and D are the load, thickness and depth of the specimen, respec-
tively. (b) Micrograph showing delamination cracks after testing in a N720 composite.
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Figure 13. Tensile creep response of all-oxide CFCCs based on the N720 fiber.
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N610 fibers from [28] is also shown in (b) to illustrate the difference in creep prop-
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Abstract

Two simple approaches for characterizing the strength
of notched ceramic-matrix composites are presented in
non-dimensional form for finite geometries and are
used to evaluate the notched strength of a woven-
Nicalon-reinforced ceramic-matrix composite. Notch
sensitivity can be evaluated with one parameter—the
material toughness divided by the product of the
unnotched strength and specimen width. For notch-
insensitive behavior, a minimum toughness can be
defined for the material on the basis of the Griffith
criterion. For notch-sensitive behavior, an equation
proposed by Suo et al. which envelopes many different
bridging laws is used to define a material toughness and
predict notched strength. Tests were conducted on two
batches of the ceramic-matrix composite. One had a
weak fiber/matrix interface, and the other had a strong
interface. The testing and analysis revealed that the
former had a toughness exceeding 10-9 MPam'?
whereas the later had a toughness of only 5-4 MPam*=.
© 1997 Elsevier Science Limited

Keywords: ceramic-matrix composites, notched
strength

1 INTRODUCTION

Ceramic-matrix composites (CMCs) are being de-
veloped for commercial applications in jet engines,
leading edges, nose cones, and other hot, moderately
stressed environments. To design flight hardware with
these materials, designers need a reliable approach to
assess structural integrity when notches and holes are
present. Although extensive research has been
conducted on notches in polymer-matrix composites,
only a few investigations have been conducted on the
notched behavior of CMCs.'? In this paper two
approaches for characterizing their notched strength
will be examined: the classical Griffith approach and a

* Present address: McDonnell Advanced Transport Aircraft,
Systems Division, Long Beach, California, USA.
+To whom correspondence should be addressed.

recent approach developed by Suo et al. which
incorporates the transition between brittle and ductile
behavior.>* Particular emphasis will be placed on the
importance of specimen size, which has been largely
neglected in previous work. Following the develop-
ment, the approaches will be used to interpret notched
test results conducted on a CMC manufactured by
McDonnell Douglas Technologies Inc.

2 NOTCH SENSITIVITY

Engineers typically distinguish between two classes of
failure: notch insensitive and notch sensitive. For
notch-insensitive behavior, damage mechanisms at the
crack tip diffuse stress gradients to prevent localized
failure and crack extension, and the composite
strength is governed by the average net-section stress.
Quantitatively, the strength, o, can be defined by

g.= a'0<1 - %) 1)

where o, is the unnotched strength, a is half the notch
size, and b is half the specimen width.

For notch-sensitive behavior, stress concentrations
promote crack extension which propagates through
the composite, causing failure. For sharp cracks which
result in a 7~ singular stress field, composite failure
can be characterized by the Griffith criterion which
can be expressed as

K.
7~ YVna @

o is the critical stress which will cause propagation of
a crack-like flaw, a. K, is a material property referred
to as the toughness, and Y is a factor which accounts
for the specimen geometry.” The Griffith criterion
applies to flawed or notched materials with low
toughness. As the notch size is reduced towards zero,
the Griffith strength becomes infinitely large and a
notch-sensitive to notch-insensitive (brittle-to-ductile)
transition occurs.

Current engineering practice does not recognize the
existence of any transitional behavior between these
two régimes. It implicitly regards notch-insensitive
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behavior and notch-sensitive behavior as being
governed by separate mechanisms. Thus, engineers
typically apply both the net-section stress and the
Griffith criterion and use the most conservative result.
Recently, Suo et al. have forwarded several papers
addressing the transition between brittle and ductile
behavior.>* Their work evaluates crack propagation
when non-linear deformation ahead of the crack tip is
sufficient to suppress the development of a r~'7 stress
field. They studied the effect that different bridging
laws (rectilinear, linear, linear softening, and quad-
ratic) had on the critical stress needed for crack
extension. Although there were subtle differences
depending upon the choice of the bridging law, they
found that the critical stress was well represented by

09
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For large flaw sizes and low toughness, the strength
given by eqn (3) asymptotically approaches the
Griffith strength, whereas for small flaw sizes and high
toughness, it approaches the net-section strength of
the material. Equation (3) provides a unifying
expression for predicting the notched strength for
both large and small notches which conservatively
encompasses both ductile and brittle behavior and the
transition between them.

As a historical note, Waddoups et al.® proposed an
equivalent criterion for the case when a/b=0 to
explain the behavior of notched polymer composites.
They postulated the existence of an inherent material
defect, ¢o, at the tip of a notch such that the effective
notch size was a + ¢,. The modified notch size was
used to evaluate the material toughness and predict
the strength (via LEFM) for other notch lengths. The
size of the inherent defect was evaluated from the
unnotched strength by using the Griffith criterion. The
resulting strength criterion was equivalent to eqn (3).°
An excellent review of this and other early work on
the notched strength of polymer-matrix composites is
given by Awerbuch and Madhukar.” Although eqn (3)
can be originally attributed to Waddoups et al., the
recent work by Suo and colleagues provides the
micromechanics basis for this criterion. Therefore, to
acknowledge both sets of researchers, eqn (3) will be
subsequently referred to as the WS (Waddoups-Suo)
criterion.

Before proceeding with an evaluation of these two
separate approaches, i.e. the net-section and Griffith
versus the Waddoups—Suo criteria, a third and more
rigorous approach for addressing notch sensitivity
should be mentioned. That is to use experimental
means to define a material’s notch-tip deformation
behavior explicitly, i.e. a bridging law, and then to
determine the notched strength computationally for
various loads and notch geometries. The complication

©)

g, =
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and cost of this latter approach raises the question of
whether there is a simpler engineering solution; thus,
the interest in the former two approaches.

A better understanding of the combined net-section
and Griffith criteria and the WS criterion can obtained
by examining them graphically. First, define a
non-dimensional strength (X), a non-dimensional
toughness (), and a relative notch size (a) as follows:

o K. a
Z—UO, K—ao\/l_) and a—b “)
eqns (1)—(3) can then be rewritten in non-dimensional
form as

Zw=(1-a) ()
K
Z6rittin = YVra (6)
and
Sws = 1 ™
1 N naY?
1-a) «?

The Griffith and net-section criteria are plotted
versus « for different values of « in Fig. 1, and the WS
criterion is plotted in Fig. 2. Y was calculated from the
expression for the double-edge-notch geometry:®

~[1ror2eo(F) ] ian(5)
Y [1+0122cos (Zb mtan b €3]

First, we examine Fig. 1. For small « (e.g. « = 0-35),
the Griffith criterion defines failure; whereas for large
k, the net-section criterion defines failure. The
transition between notch-sensitive behavior (Griffith)
and notch-insensitive behavior (net-section) is gov-
erned by x. Thus, notch sensitivity depends upon the
parameters which define «; namely the toughness,
unnotched strength, and specimen width. The
importance of specimen width is often overlooked in
the literature (or at least not addressed explicitly). As
will be shown in Section 4, the quantitative
interpretation of notch test results depends sig-
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Fig. 1. Notched strength for Griffith and net-section criteria
(double-edge-notch geometry).
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Fig. 2. Notched strength for WS and net-section criteria
(double-edge-notch geometry).

nificantly on the specimen width. For intermediate
values of x, the notch sensitivity also depends weakly
upon the relative notch size, a, as shown in Fig. 1 for
k =07.

The WS criterion is plotted in Fig. 2. For small «,
the WS criterion is nearly identical with the Griffith
criterion—compare the k =0-35 curves in Figs 1 and
2. For large k, the WS criterion asymptotically
approaches the net-section criterion. For the WS
criterion, there is no definitive transition between
notch-insensitive and notch-sensitive behavior, which
implies that the presence of a notch always reduces
the net-section strength. The WS criterion predicts
notch-insensitive behavior only in the limit as k — .
This is a potential problem for the WS criterion since,
in practice, notch-insensitive behavior will be ob-
served whenever the measurement scatter is of the
same order as the difference between the net-section
and WS criteria and whenever notch strengthening
mechanisms are activated. The latter will be addressed
further in the analysis.

The two criteria make distinctly different predic-
tions in the transition regime, 0-5=x =<1-5. In the
former, the net-section criterion applies once «
exceeds approximately 0-7. Whereas for the WS
criterion, the predicted strength is as much as 20%
below the net-section criterion when x =0-7. The
question arises as to which criterion better represents
actual material behavior. The bridging-law computa-
tions of Suo et al. indicate that the WS criterion
should better represent actual materials. The strength
predictions of the Griffith-based approach for
transitional values of « are likely to be inaccurate
because a fully developed 1/Vr singular stress field
will not exist at the crack tip. But this answer
represents ideal behavior, the reality can only be
addressed with experiments. Unfortunately, the
limited experimental results presented in the following
sections can only make a small contribution towards
answering this question. Yet, they do show how the
framework outlined in this section can be used to
better interpret notched test data.

3 EXPERIMENTS

The experiments were conducted on a 2D CMC
manufactured by McDonnell Douglas Technologies
Inc. (MDTI). The CMC is reinforced with eight-
harness satin-weave SiC (Nicalon) cloth, NL202 grade
with an 11-8% oxygen content, manufactured by
Nippon Carbon Company. The matrix is a proprietary
aluminum phosphate system.

For this research, MDTTI supplied plates from two
batches of the CMC which were designated batch #1
and batch #2. The plates were made from four plies
and were nominally 1-27 mm thick. Although the
constituents of both batches were the same, push-out
testing indicated that the batch #2 material had a
stronger interface.” As a result, the two batches have
distinct tensile properties and will be considered as
two separate materials.

Notched and unnotched tensile tests were con-
ducted on both batches of material with an Instron
8562 test frame. Aluminum tabs were epoxied to the
ends to enable gripping. For the notched specimens, a
double-edge-notch configuration was utilized with
notch length to half width ratios (a/b) of 0-25 and 0-5.
In this configuration, the length of each edge notch is
denoted by a and total width by 2b (see Fig. 3). The
edge notches were created with a 0-3mm thick
diamond wafering blade. The notch tip radii were
150 um. All the batch #1 specimens were tested with
a 12:7mm width in the gage section. Unfortunately,
the specimens had been pre-cut from the plates by
MDTI, and no additional material was available to
make wider specimens. For the batch #2 material,
two specimen widths, 12-7 and 50-8 mm, were tested.
This allowed notch size effects to be evaluated in this
material.

The results of the strength testing are plotted in Fig.
4. The open circles denote the measured strengths of
all the 127 mm wide, batch #1 specimens. The closed
circles denote the strength of the 12-7 mm wide, batch

Fig. 3. Double-edge-notch specimen configuration.
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Fig. 4. Tensile strengths of the 2D MDTI materials.

#2 specimens, and the Xs denote the strength of the
50-8 mm wide, batch #2 specimens. The dashed lines
represent an extrapolation of the unnotched strength
on the basis of the reduction of the net-section area.

The much lower strength of the batch #2 material
can be attributed to a stronger interface which
promotes crack extension and brittle failure. Figure 4
provides insight into the notch sensitivity of the two
materials. The notched strengths of the batch #1
material all lie above the anticipated net-section
strength, indicating notch insensitivity. Similarly, the
notched strengths of the 12-7 mm batch #2 specimens
lie roughly on the line of net-section strength,
indicating notch insensitivity. On the other hand, the
50-8 mm batch #2 specimens clearly lie below the line
indicating notch sensitivity.

4 ANALYSIS

Figure 4 reveals that the strength of the longitudinally
oriented batch #1 material is notch-insensitive. The
two approaches outlined in Section 2 yield different
quantitative interpretations of this behavior. If we use
the WS criterion (see Fig. 2), notch insensitivity
implies that k = « and in turn that K, = . Whereas,
if we use the Griffith criterion (see Fig. 1), notch
insensitivity implies that « exceeds 0-7. Thus, from the
measured unnotched strength of batch #1, o,=
195 MPa, and the specimen width, 2b = 12-7 mm, the
Griffith criterion provides a lower-bound estimate of
the toughness of 10-9 MPam'?.

An infinite toughness cannot be physically justified.
The high notched strengths observed for the batch #1
material—above  the  extrapolated  mnet-section
strength—may probably be attributed to notch
strengthening. The strength of brittle materials
(including many CMCs) is governed by the largest
inherent defect. For a notched specimen, the high
stresses are localized at the notch. Since the critical
defect in this vicinity is likely to be smaller, the
net-section strength will statistically exceed the
area-weighted unnotched strength of the composite.
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Such mechanisms are not incorporated in the WS§
criterion. Thus, use of the Griffith criterion provides
the most effective approach for interpreting these
data.

The actual toughness of the batch #1 material may
be much higher than the 10-9 MPam'”? estimate, but
only by testing larger specimens can the true value be
ascertained. In lieu of tests on larger specimens, the
lower bound can be used as conservative estimate of
the fracture toughness and may be sufficient for design
purposes.

The 12-7 mm wide, batch #2 specimens also showed
notch insensitivity, but the 50-8 mm wide specimens
showed notch-sensitive behavior. The former tests
indicate a lower bound for the toughness of
5-5MPam'?, Figure 5 shows a least-squares fit to the
latter data which estimates the actual toughness as
5-4 MPam'? from the WS criterion. The slightly lower
value in the latter case can be attributed to the lower
unnotched strength of the 50-8 mm wide specimens.

S CONCLUSIONS

Two approaches for predicting notched strength have
been examined: (1) the net-section criterion combined
with the Griffith criterion and (2) the Waddoups-Suo
criterion. Notch sensitivity depends upon a non-
dimensional parameter « which is equal to the
material toughness divided by the product of the
unnotched strength and specimen width. The depen-
dence of « on the specimen width in addition to the
material parameters implies that a material can only
be designated as ‘notch insensitive’ if specific size
limitations are included. For notch-insensitive be-
havior, the Griffith criterion provides a means of
defining a minimum toughness based upon the
unnotched strength and specimen size. For notch-
sensitive behavior, the WS criterion should provide a
more accurate estimate of the material toughness
although more experimental data are needed to
support this.

Notched tests were conducted on two batches of a
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Fig. 5. Test data for 50-8 mm wide, batch #2 specimens and
least-squares fit using the WS criterion given by eqn (3).
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CMC manufactured by MDTI. The 12-7 mm specim-
ens of the batch #1 (weak interface) material were
notch insensitive, i.e. the net-section stress at failure
exceeded the unnotched strength. A lower bound for
the toughness was estimated as 10-9 MPam'?. The
12-7 mm specimens of the batch #2 (strong interface)
material were also notch insensitive, but the 50-8 mm
specimens were notch sensitive. By the WS criterion,
the toughness of the batch #2 material was calculated
to be 5-4 MPam'~.
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Shear Damage Mechanisms in a Woven, Nicalon-Reinforced

Ceramic-Matrix Composite

William P Keith” and Keith T. Kedward

Mechanical Engineering Department, University of California, Santa Barbara, California 93106

The shear response of a Nicalon-reinforced ceramic-matrix
composite was investigated using Iosipescu tests. Damage
was characterized by X-ray, optical, and SEM techniques.
The large inelastic strains which were observed were attrib-
uted to rigid body sliding of longitudinal blocks of material.
These blocks are created by the development and extension
of intralaminar cracks and ply delaminations. This research
reveals that the debonding and sliding characteristics of
the fiber—matrix interface control the shear strength, strain
softening, and cyclic degradation of the material.

I. Introduction

ALOW—COST ceramic-matrix composite (CMC) is being devel-
oped by McDonnell Douglas Technologies Inc. (MDTI).
It has potential commercial applications in jet engine exhaust
ducts, leading edges, nose cones, and other hot moderately
stressed environments. An understanding of the mechanical
behavior of this material is needed to help make improvements
and to design components.

Research on CMCs has generally focused on their tensile
behavior. Recent investigations have defined the relationship
between matrix cracking, sliding, and the tensile inelastic
strains and hysteresis.' With this research, the tensile behavior
is fairly well understood. More recently, investigators have begun
to examine CMC behavior when shear loads are applied.”’
These studies indicate that many CMCs have significant inelas-
tic shear deformations and large shear failure strains. Although
the ultimate tensile strains of the constituents are less than 1%,
the composite shear strains at failure exceed 2-3%. There is
no clear understanding of the damage mechanisms which are
responsible for this behavior. To address this issue, this research
examines the shear damage mechanisms in the MDTI CMC.

This paper is organized as follows. First, Iosipescu shear and
push-out test results are presented. These are supported with
X-ray, optical, and SEM observations. Second, a damage model
is proposed which attributes the inelastic shear deformations to
a rigid body sliding mechanism and predicts the shear strength
from the interfacial sliding properties. The model is then assessed
and corroborated with the experimental results. Finally, several
pertinent issues are discussed and conclusions are drawn.

II. Experimental

(I) Material
The MDTI CMC is manufactured by passing fiber cloth
through a matrix slurry and then air drying until tacky. Several
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cloth plies are combined to produce the desired thickness and
can be laid up to form complex geometric shapes using polymer
composite techniques. The formed part is then vacuum bagged
and fired in an autoclave.

The fiber cloth consists of many tows in 15 wm diameter SiC
filaments in an eight-harness satin weave architecture. The SiC
(Nicalon™), NL202 grade with 11.8% oxygen content, is man-
ufactured by Nippon Carbon Co. There are 8.7 tows/cm running
in each direction with each tow containing approximately 500
filaments.

The matrix slurry is created by mixing alumina particles in
phosphoric acid. The alumina and phosphoric acid react to form
aluminum phosphate (AIPO,). The resulting matrix is highly
porous and contains particles of aluminum phosphate in both
quartz and cristobalite forms and unreacted alumina.®

For this research, MDTI supplied plates from two batches of
the CMC. The plates were made from four plies and were
nominally 1.27 mm thick. A micrograph of a polished cross
section is shown in Fig. 1. The batches are compositionally
identical—40% fibers, 40% matrix, and 20% porosity by vol-
ume. Yet, tensile tests indicated a dramatic difference in the

Fig. 1. Polished cross section of MDTI woven CMC. The fibers are
the light phase, the matrix is the gray phase, and the pores (filled with
epoxy) are the dark phase.

99




358 Journal of the American Ceramic Sociery— Keith and Kedward Vol. 80, No. 2
200 MM LR | AL LA NS BRI 110° W
: Batch #1 ] 5 .
7 18or 7] T ke S
g ] 515 ""“ SO 0;, 19.25mm
:;100_Bth#2 ] N o
8 o : 1S H
177} 1 IR TR L Yo >
50 F . [+ T 60 mm - /T\
) v
v R N R=0.8mm
o RREPUR I S R0 T T T W N SO U SO 1 L
0 0.1 0.2 0.3 04 0.5 Fin 3 los ) -
.3. Io s en configuration.
Strain (%) ig sipescu specim gurati

Fig. 2. Tensile stress—strain behavior to failure for the batch 1 and 2
materials.

strength of these batches as shown by Fig. 2. The batch 1
material has a tensile strength of 170 MPa, whereas the batch 2
material has a strength of only 93 MPa. This difference is
attributed to the respective strengths of the fiber-matrix inter-
face, and is corroborated by push-out testing reported here.
These differences were likely engendered by alterations in the
CMC processing. Unfortunately, since these batches were pro-
duced before MDTI's processing procedure was rigorously
defined, the processing deviations which effected the change
are unknown. Nevertheless, these unintended differences were
welcomed as they provided a platform to better explore the role
of the interface on the shear behavior.

(2) Procedures

The CMC material was cut into Iosipescu specimens as
shown in Fig. 3 with the fibers oriented in the directions of the
maximum shear stress. The 110° notch was used because it has
yielded good results in shear tests on other CMCs.® To measure
strain, a two gage +45° rosette (Measurement Group, Inc.,
EA-06-062TH-120) was mounted on each face between the
notches. Each gage had an active length of 1.57 mm. A modi-
fied Wyoming Iosipescu test fixture™'® was used to apply a pure
shear load to the region between the notches. The response of
the material to monotonic and low cyclic, less than 10 cycles,
shear loadings was investigated. A series of tests were con-
ducted to explore the range of mechanical response and to
provide multiple samples for destructive examination. Table I
presents a summary of these tests which were conducted on
both the batch 1 and batch 2 materials. Fully reversed cyclic
strains were achieved by reorienting the specimen, switching
the front face to the back, in the test fixture between load
applications.

Surface replication, X-ray radiography, and optical micros-
copy techniques were used to assess damage. To assess the
extent of matrix cracking, acetate replicas were taken at regular
intervals during two monotonic Iosipescu tests, one test for
each material. Strain gages were applied only to the back face
of these specimens to make the front face available for replicat-
ing. After testing, a few specimens were sectioned and soaked
in a Znl solution for 24 h. X-ray radiographs were then taken of
the damaged specimens. The Znl was preferentially adsorbed

in the damaged regions. Because the Znl was impervious to
X-rays, the damaged areas were revealed as dark regions on
the X-ray image. Sections were also impregnated with a low-
viscosity epoxy under vacuum, polished to a | um finish, and
examined optically. Further, a batch 1 specimen delaminated
into two separate pieces after being sectioned between the
notches. This provided a unique opportunity to examine the
delaminated surface. These pieces were mounted (uncoated) on
stubs, and the delaminated surfaces were examined in a JEOL
6300 field emission scanning electron microscope (SEM).

To evaluate the fiber-matrix interface properties directly,
bundle push-out tests' were conducted—four on the batch 1
material and three on the batch 2 material. Thin wafers
(~0.8 mm thick) were cut and polished on both faces; 4 to
6 wm of matrix were etched from one face with a 10% HF acid
solution. The wafer was placed on an aluminum base containing
a 220 wm diameter hole. A 140 pm diameter silicon carbide
fiber (SCS6) push-rod was placed on the protruding fibers of a
tow normal to the surface. The push-rod was used to push out,
unexpectedly, a cylinder of the composite into the 220 um hole.
The backside displacement was measured using a small rod
placed within the hole and artached to a cantilever beam dis-
placement gage. After each test, the perimeters of these irregu-
larly shaped sections were measured from optical micrographs
with a thread and pins. The debond and sliding stresses were
calculated by dividing the push-out load by the product of the
specimen thickness and the perimeter length. Additionally, a
specimen from each batch was examined in the SEM.

(3) Mechanical Response

The monotonic shear stress—strain curves for both batch 1
and batch 2 materials are shown in Fig. 4. The average shear
strain is computed using the gages from both faces. Note, there
were slight variations between gages due to material inhomoge-
neities, but the average response of the four gages provided
reproducible results. The curves show an initial elastic behav-
jor, a transition to a plateau shear stress, and finally a softening
behavior as the shear strain reaches 2-3%. The tests were
stopped when one or more of the strain gages failed. The maxi-
mum shear stresses were 29 and 49 MPa in the batch 1 and 2
materials, respectively. The shear strain exceeded 3% for both
materials.

The first three and tenth cycles from the fully reversed 1%
cyclic testing of the batch 1 material are shown in Fig. 5. This
behavior typifies the response observed in the cyclic testing

Table I.  losipescu Test Summary

Maximum

Load type shear strain (%) Cycles Comments
Monotonic 1
Monotonic >3 Tests stopped because of gage failure
Cyclic (R =0) >2 =S5  Strain level increased with each cycle
Cyclic(R=-1) *05 =10  *0.5% strain applied in each cycle
Cyclic(R=-1) *1.0 =10  *1.0% strain applied in each cycle
Cyclic(R = -1) +25 =10  Strain level increased with each cycle
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materials, and the predicted shear strengths, 7,,, based on push-out
results.

of both batches. Several features are worth highlighting. The
unloading shear modulus—defined as the tangent modulus after
load reversal-—and the peak cyclic shear stress decrease with
each cycle. Secondly, the tangent modulus decreases continu-
ously as the load application is reversed from positive to nega-
tive until the shear strain reaches zero. Then, the composite
stiffens before again softening as the peak stress is reached.
These general characteristics were observed consistently in the
various specimens. Note, the irregularities at zero shear stress
are associated with the dismounting and remounting procedures
needed to apply the fully reversed cyclic loads.

To assess the phenomenological nature of the damage devel-
opment, the unloading modulus and cyclic peak stress were
evaluated for the multiple cycles of each test. In Fig. 6, the
unloading modulus is plotted versus the inelastic strain range.
The inelastic strain range was determined by subtracting the
elastic strain range from the measured strain range associated
with each cycle. The elastic strain range was calculated as the
product of the initial tangent shear modulus and the cyclic shear
stress range. The results from all the tests listed in Table I are
included in Fig. 6. Despite the different loading histories in
these tests, a consistent trend is seen between the unloading
modulus and inelastic strain range. The graph shows that the
unloading modulus decreases rapidly with increases in the
strain until it reaches 68 GPa, where it tends to level off. Note,
the absolute strains never exceeded 2.5%. The high inelastic
strain ranges were achieved by the fully reversed loading. The
batch 2 material exhibits higher unloading moduli particularly
at low strain levels.

In Fig. 7, the peak cyclic stress is plotted versus the cumula-
tive inelastic strain, which is the sum of the inelastic strains
from each cycle. Again, a consistent trend is observed. The

40 LENLERLALAN URLARCIL R LI BELANLNLILA BELLL LN ML |
—_ I 1st Cycle
< - 2nd -
S 20f 3rd
= I 10th
P = -
@ o ]
e n -
a1 :
g 20+ -
L F o
) i ]

_40 [ USSR ENN W0 (Y SO TO N HN ARG S0 TV ST S WD SNC A ST ST U0 OO W S S i

-1.5 -1 -0.5 0 0.5 1 1.5
Average Shear Strain, y (%)

Fig. 5. Fully reversed cyclic behavior of a batch 1 specimen.
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Fig. 6. Degradation of the unloading modulus as a function of the
inelastic strain.

peak cyclic shear stress decreases rapidly initially and then
tends to level off as the cumulative inelastic strain increases.

(4) Observations

A well-defined array of matrix cracks does not develop in this
composite. Instead, an irregular array of porosity and matrix
microcracks was observed. Although much of this array was
present initially, the acetate replicates did reveal additional
microcracking from pores and in matrix-rich regions as shown
in Fig. 8.

Figure 9 shows the X-ray images obtained from the batch 1
material specimen cyclically tested to +1.0% shear strain.
Note, this specimen was sectioned with seven lengthwise cuts
creating six central sections and four pieces adjacent to the
notches. The sectioning ensured even penetration of the Znl.
For the X-ray image shown in Fig. 9(a), all the pieces were
reassembled in their original positions adjacent to one another.
Small gaps in the assembly resulted in the white space seen
between the pieces on the X-ray image. The much darker region
between the notches in Fig. 9(a) reveals the localization of the
shear damage. The images in Figs. 9(b) were taken with each of
the six central sections rotated 90°. These images show distinct
narrow black lines suggesting the presence of delamination
planes. Similar damage observations were seen in the batch 2
specimens.

At large strains (y > 3%), the ply delaminations lead to
macroscopic buckling of the surface plies. The buckling ran
diagonally across the specimens and was normal to the princi-
pal compressive stress. Although buckling typically caused

= 70 L Ty S L S B
o 3
= 60 9, --o-- Batch #2 | 3
= — Batch #1 | 3
o2 50 3
g 40 3
2 3
30 3
§ .~ 3
2 20 E
7]
% 10
D
a. 0 PR S SNNS N SR TR NN S U VAT SN S N AN TN S ST S M T S HN1
0 5 10 15 20 25

Cumulative Inelastic Strain, X y_ (%)

Fig. 7. Degradation of the peak cyclic shear stress as a function of
the cumulative inelastic strain.
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Fig. 8. Surface replicas of monotonically tested losipescu specimens
showing the presence of matrix cracks at 1.0% strain in the matrix-rich
surface region where no cracks were seen prior to loading, 0% strain.

gage failures, the composite was still able to sustain 30-50% of
the peak load.

Figure 10(b) shows the polished surface of an losipescu
specimen which has been strained to £0.7% and sectioned
between the notches. For comparison, an identically polished
section of virgin material is also shown in Fig. 10(a). The tested
Tosipescu specimen shows considerable interface damage and
matrix cracks running between fibers. There also appear to be
edge cracked fibers which were probably caused by polishing.
The interface damage likely made these fibers susceptible to
this polishing damage.

The SEM examination of the specimen which delaminated
during sectioning indicated that separation occurred almost
entirely along the fiber-matrix interface as shown in Fig. 11.
The delamination path alternately traverses cylindrical fiber
surface and cylindrical matrix surface where it is evident that
the fiber has been pulled away. Longitudinally, the continuity of
the matrix is interrupted by large cavities (pores) and occasion-
ally fine cracks. There was no evidence of damage to the fibers.

(5) Push-out Tests

Typical results from the push-out tests are shown in Fig. 12.
The batch 2 material showed a gradual load drop after debond-
ing as the push-out proceeded. The average debond stress was
28 MPa with a standard deviation of 3.6 MPa, and the average
sliding stress was 19 MPa with a standard deviation of 4.0 MPa.
In the batch 1 material, no load drop was observed. Debonding
and sliding were coincident. Further, the sliding stresses
remained fairly constant as the fibers were pushed out. The
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Fig.9. X-ray images of the shear damage in a batch 1 specimen
strained to *1.0%: (a) The much darker central region shows the
localization of the damage between the notches, and (b) the distinct
black lines suggest delaminations.

batch 1 debonding and stiding stresses averaged 16 MPa with
standard deviations of 4.9 and 3.2 MPa, respectively. In both
materials, an entire cylinder of fibers and matrix was pushed
out (Figs. 13 and 14). For both batches, the perimeter of these
irregularly shaped cylinders predominantly followed the fiber—
matrix interface. It is estimated that less than 10% of the perim-
eter path traverses the matrix. In the batch 2 material, the
interface had small matrix fragments adhering to the surface,
whereas in the batch 1 material, the interface was clean. The
perimeter of the pushed-out cylinders for both batches averaged
0.81 mm with a standard deviation of 0.13 mm and typically
contained 25-35 fibers.

IIl. Analysis

In the previous section, the test results and observations were
presented in a sequential, matter-of-fact manner. This was done
to provide an efficient, unbiased report to the reader. Unfortu-
nately, the results, so reported, seem unconnected and lack a
unifying theme. To rectify this deficiency, a model will be
presented, in this section, which provides a simple representa-
tion of the composite architecture and shear-induced damage.
This model provides a basis for interpreting and connecting
the experimental results and observations. With the model, an
analytic expression will be derived to predict the composite
shear strength from the push-out test results. Then, the model
will be assessed by using the push-out test results and examin-
ing the shear stress—strain response of the composite.

(1) Model

The nonlinear stress—strain behavior can largely be explained
and the shear strength predicted with a simple damage model.
First, the woven 2-D CMC is idealized as a 0590° laminate as
shown in Fig. 15. Second, primary damage is assumed to exist
in the form of porosity and matrix cracks. To a large extent, this
damage exists before loading although some additional matrix
cracking occurs upon loading (see Figs. 8(a) and (b)). The



February 1997

Fig. 10. Polished section of composite (a) untested material and
(b) Iosipescu specimen strained to +0.7% showing fiber—matrix inter-
face damage and matrix cracking.

primary damage gives rise to stress concentrations which pro-
mote secondary damage in the form of intralaminar cracks and
ply delaminations. The term “intralaminar cracks” is being used
very specifically as a label for hypothesized cracks which run
along the fiber—matrix interface and span fibers through the ply
thickness as shown in Fig. 15. The existence of these intra-
laminar cracks was supported by the interface damage and
matrix cracks observed in Fig. 10, while the presence of ply
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Fig. 12. Typical stress—displacement push-out test results.

delaminations was demonstrated by the X-ray images (Fig. 9),
observations of surface ply buckling, and ply separation during
sectioning. As shown in Fig. 15, the average distance between
these intralaminar cracks has been denoted /. and the ply thick-
ness has been denoted z,,,.
It is this secondary damage which controls the shear strength
and enables the large shear strains. The intralaminar cracks
break the plies into long blocks. With the intralaminar cracks
and ply delaminations, shear deformation is achieved by slip
between adjacent blocks and relative ply rotation. The relative
ply rotation is needed to maintain compatibility between lami-
nae. This allows for a rigid body shear deformation constrained
only by frictional sliding along the intralaminar and delamina-
tion crack surfaces. The sliding within one 0° ply is illustrated
in Fig. 16. It should be pointed out that in an unconstrained
0°/90° laminate, once intralaminar cracking and delamination
occur the composite is likely to come apart. In the Iosipescu
test of the woven composite, the weave and membrane stresses
in the longitudinal fibers will help keep the composite intact.
The anticipated shear stress—strain behavior of this idealized
laminate is illustrated in Fig. 16. This is derived from physical
arguments. Initially no sliding occurs, and the shear response is
linear and elastic. As the primary damage induces sliding and
the secondary damage initiates, the tangent modulus decreases
and nonlinear behavior is observed. The modulus continues to
decrease until the secondary damage is fully developed. Then,
rigid body deformation ensues and the shear stress plateaus.
The development of an analytical expression which describes
the complete stress—strain behavior is beyond the intent of this

Fig. 11. SEM image of delaminated surface indicating separation at

the fiber-matrix interface.

Fig. 13. Example of contiguous cylinder of fibers and matrix dis-
placed in the push-out testing of a batch 2 specimen.
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Fig. 14. Push-out interfaces of the (a) batch 1 material and (b) batch
2 material.

research. Rather, the model has been developed to derive a
relationship between the plateau stress and the interfacial
sliding stresses. It is assumed that the intralaminar crack and
delamination surfaces can be characterized by constant sliding
stresses, T, and 7,, respectively—the s denotes translational
sliding at the intralaminar crack surfaces and the r denotes
rotational sliding at the ply delaminations. Further, to account

Intralaminar Delamination

Crack

Fig. 15. Idealized 0%90° laminate showing intralaminar cracks and
delaminations.
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Fig. 16. Schematics of the shear deformation due to sliding along
intralaminar crack surfaces and of the anticipated shear stress—strain
response of the idealized laminate.

for irregular interfaces, topography coefficients are introduced
for each interface and denoted by B, and B,. If an interface was
flat, B would equal 1.0. Since the observations indicate (see
Fig. 11) that these surfaces tend to follow a semicircular path, 8
is presumed to be equal to /2. Based upon these assumptions,
the relationship between the plateau stress, 7,, and the inter-
facial sliding stress is determined by an energy balance. The
work done by the applied shear stress is equated with the energy
dissipated by frictional sliding to show that

l
Tpl = BsTs + 0.388,;‘:"1’, (1)
Py

The details of this derivation are provided in the Appendix.

(2) Model Assessment

The push-out test results can be used in conjunction with the
model, i.e., Eq. (1), to independently predict the shear strength
of the composite. The polished sections indicated that cracking
was narrowly spaced within the tows (25-50 wm apart) but
more widely spaced in matrix-rich regions (~100 wm apart).
Using this larger value as an estimate of the intralaminar crack
spacing, along with the ply thickness of 310 wm. and a topogra-
phy coefficient of w/2 for both surfaces, Eq. (1) can be rewrit-
ten as

T = 1577, + 0.197, 2)

Equation (2) reveals that the estimates for /. and ¢, are not
critical since the first term dominates. If the debond stresses
obtained from the push-out tests are used as estimates for both
7, and T1,, then Eq. (2) yields predictions of 28 and 49 MPa for
the shear strength of the batch 1 and 2 materials, respectively.
These values have been plotted alongside the monotonic test
results in Fig. 4 and show remarkable agreement.

In addition, the overall responses of the monotonic shear and
push-out tests show a strong correlation which supports the
conclusion that the shear response is controlled by debonding
and sliding along the fiber—matrix interface. First, the stress—
displacement plots obtained from the push-out tests (Fig. 12)
mimic the monotonic shear stress—strain response (Fig. 4). In
both plots, the stronger interface batch 2 material achieves
higher stresses and exhibits greater strain softening. Second,
the boundary of the ejected material observed in the push-out
tests (Figs. 13 and 14) matches the topology of the proposed
intralaminar cracks, i.e., one which traverses the matrix and
fiber~matrix interface, and justifies the use of the push-out test
results in the model.

Further, the experimentally observed cyclic shear stress—
strain behavior is consistent with the proposed damage mecha-
nism. The initial response is elastic and then smoothly transitions
to a plateau shear stress analogously to that predicted by the
model. The continuous reduction in the tangent modulus as
the applied load is reversed is consistent with sliding along
the fiber—matrix interface. If the reduction in modulus was due
to matrix cracking normal to the principal tensile stress, the
composite modulus would increase significantly upon the appli-
cation of negative shear stresses as these matrix cracks closed,
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but this is not observed. Instead, the modulus continues to
decrease until the shear strain reaches zero. If the delaminated
plies reseat at zero strain, the moderate increase in the modulus
at this point may be attributed to the additional force needed to
again unseat the delaminated plies.

On a separate note, the push-out of a composite cylinder
rather than individual fibers can be attributed to tight fiber
packing and a low matrix shear strength. The perimeter of 30
fibers pushed out individually would be 1.4 mm, yet the mea-
sured perimeter of the cylindrical blocks averaged 0.81 mm.
Thus, the cylindrical push-out mode reduces the perimeter
length and is energetically favored when the matrix is weak.

IV. Discussion

This model is clearly an idealization. The MDTI CMC has a
woven architecture with tightly packed tows and matrix-rich
regions. The microscopic evidence indicates profuse cracking
within the tows and only moderate cracking in the matrix-rich
zones (see Fig. 10(b)). This suggests that uniformly sized
blocks spanning each layer are unlikely to form. Instead, the
damage will tend to be localized in the tows, which implies
smaller values should be chosen for the intralaminar crack
spacing and ply thickness. Yet, this would not change the model
predictions significantly since, for one, these parameters only
affect the relatively small rotational term in Eq. (1) and, two,
it’s their ratio which affects its magnitude.

The cyclic degradation of the peak shear stress can be attrib-
uted to cyclic wear reducing the sliding stress of the interfaces.

This is consistent with cyclic behavior reported for other CMC*

systems.”>* Identifying the mechanisms responsible for the
decrease in the unloading modulus is more difficult. It is likely
attributed to an increase in the density of matrix cracking and to
interface degradation which inhibits shear load transfer, but
further work is needed to definitively link the degradation of the
unloading modulus with specific composite damage.

Finally, the shear mechanism proposed for this CMC relies
to an extent upon the existence of a weak matrix. The porous
MDTI CMC fulfills this requirement as best demonstrated by
the push-out of a cylindrical composite block rather than indi-
vidual fibers. It is yet unclear whether this mechanism will
apply to a broader class of CMCs which have stronger matrices.

V. Conclusions

Shear loading in this material promotes primary damage in
the form of matrix cracking and secondary damage in the form
of intralaminar cracks and ply delaminations. These intra-
laminar cracks run primarily along the fiber-matrix interfaces
but also traverse the matrix extending through the ply thickness.
The intralaminar cracks and delaminations permit shear defor-
mations by rigid body sliding along their surfaces.

Thus, it is the debonding and sliding characteristics of these
interfaces which control the mechanical behavior of the CMC.
From the correlation with push-out tests, the shear strength
depends upon the debond strength of the fiber—matrix interface.
The high failure strains (>3%) and permanent strains are
achieved by extensive sliding along the intralaminar and delam-
ination crack surfaces.

APPENDIX
Plateau Stress Evaluation

In the following an expression for the plateau shear stress,
Tp1» in terms of the interfacial sliding stresses at the intralaminar
and delamination surfaces, 1, and 7,, will be derived. The
expression is obtained by calculating and equating the work
done by the external force to the energy dissipated interally
due to sliding.

(1) Work Done by External Force

A simple way of calculating the work done by the external
force, T, is to calculate the work done by 7, along the principal

pi>
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axis, (x,y). The external work can therefore be written as the
sum of the tensile work done along the x-axis and the compres-
sive work done along the y-axis. Note, the factor of 4 in the
following equation accounts for the four plies used in the MDTI
CMC as shown in Fig. 15, and 4 represents the size of a
representative block of material deforming in the manner speci-
fied by the model:

W,, = 4t,, d7,Ax + 41, d(—T,)Ay (A-1)
This can be simplified to
W,, = 4t,,d7,(Ax — Ay) (A-2)

The displacements in the x and y directions are given by the
strains

Ax=¢.d, Ay=¢,d (A-3)
Thus,
W, = 4t,,d*7,(e, — €,) (A-4)

For pure shear, the difference of the principal strains is equiva-
lent to the shear strain, y. Thus, the external work can be
written as

W,, = 4t,,d*7 0y (A-5)

(2) Energy Dissipated Because of Sliding within Each Ply

The energy dissipated at the intralaminar crack surfaces due
to sliding is just the sum of the work done at each sliding
surface (see Fig. Al). Thus,

Ef = 2 Antd, (A-6)

‘where A, is the area of each interface, 7, is a constant sliding

stress which characterizes these surfaces, and §; is the relative
displacement of each longitudinal block. The area, A, can be
rewritten as

Aim = 4B5tplyd (A'7)

where 8B, is a topography coefficient to account for nonflat
interfaces. Substituting Eq. (A-7) into Eq. (A-6) and replacing
23, with 3,,, yields

E::Ir:; = 4B 14 deBto( (A'8)

séply
Since the total displacement equals the product of the shear
strain and the block size (8,,, = yd), then
Eg:; = 4Bs tplydsz‘Y (A'9)
(3) Energy Dissipated Because of Relative Rotation
between Plies

Finally, the energy dissipated by rotational sliding between
plies must be calculated. Each square (I, X /), /. represents the

6]
o

Fig. Al. Sliding shear deformation within a single ply.
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distance between intralaminar cracks, rotates relative to the
corresponding square in the adjacent ply by an angle equivalent
to shear strain. If we examine a differential element on a repre-
sentative square, the differential work done (dW) by sliding
is the product of the sliding force (7, dA) and shear strain
displacement (-yr). Specifically,

dW =1, dAvyr

where dA is the area of the differential element and r is its
radial distance from the center of the square. The differential
area can be expressed as

dA = B,rdddr

where B, again represents a topography coefficient and r d
and dr are the differential arc and radial lengths. To obtain the
total energy dissipated in a block (d X d) with four ply inter-
faces (see Fig. 15), the differential work must be integrated over
the square and multiplied by a prefactor which accounts for the
four interfaces and the size of the block, d. Thus,

(A-10)

(A-11)

/4 1.l2cos &

d2
f,‘,?§=4-17 8]d¢ f B.7,yridr
0

0

(A-12)

When this integral is solved and simplified, it gives the energy
dissipated as a result of rotational sliding as follows:

o = 4[0.3826B,d1,vl.) (A-13)

(4) Equating External Work with the Energy Dissipated

The plateau stress can now be evaluated by equating the
right-hand side of Eq. (A-5) to the sum of the right-hand sides
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of Egs. (A-9) and (A-13). After simplifying, the following
expression for T, is obtained:

Ty = BT, + 0.38263,;121, (A-14)
ply
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Effect of Matrix Grain Growth Kinetics on Composite Densification

Olivier Sudre™* and Fred E Lange’

Materials Department, University of California, Santa Barbara, California 93106

The effect of matrix grain growth kinetics on the densifica-
tion behavior of a particulate composite has been investi-
gated. Large alumina inclusions were added to two types of
zirconia matrices having different grain growth Kinetics,
ie., Zr(8Y)0O, and Zr(3Y)O.,. Despite the evolution of dif-
ferent grain sizes, both matrices reached an end-point rela-
tive density of 0.92 and 0.94, respectively, even though they
contained 0.25 volume fraction of inclusions (based on total
solid volume). However, the morphology and spatial distri-
bution of the residual pores were distinct. The Zr(8Y)0,
matrix, which developed very large grains, had a dual
microstructure with porous regions surrounded by a con-
nective, denser region, as previously reported for an alu-
mina matrix containing zirconia inclusions. Conversely, the
Zr(3Y)O, matrix was fully dense and uniform, but the com-
posite contained large cracklike voids at inclusion/matrix
interfaces. The large opening displacement of these crack-
like voids locally relaxed the constraint to matrix shrinkage
imposed by the inclusion network.

1. Introduction

THE effect of large inclusions on the matrix densification
behavior has been a subject of interest for the past 10 years.
Numerous observations have outlined the retardation effect on
matrix densification and detailed some characteristic microstruc-
tural features (for example, Refs. 1-3). Most of the prominent
mechanisms of this phenomenon have already been reviewed.*’

In particular, a phenomenological model for composite den-
sification has been proposed and several parameters pertaining
10 both the inclusions and the matrix have been identified.**’
The densification process was separated into two stages. In the
first stage, inhomogeneous densification of the marrix produced
a constraining network whose morphology depended on the
inclusion volume fraction, shape, and distribution.* In the sub-
sequent stage, the matrix properties determined whether the
interstitial porous regions reached full density or developed
cracklike pores. In this model, it appeared that the end-point
density of the matrix was determined by the creep rate of the
dense regions relative to the rate that damage would evolve in
the porous regions.” These two competing processes were
closely related to the grain growth and the coarsening behaviors
of the matrix. In particular. it was inferred from the microstruc-
tural observations that grain growth in the dense regions of the
matrix would increase the creep resistance of these regions, and
thereby limit the final densification. With this hypothesis. it
is expected that the densification of a composite matrix that
exhibited slow grain growth kinetics should be beneficial in
allowing more creep deformation of the constraining dense
regions. and thus a denser composite.

Therefore. the objective of this work was to test the hypothe-
sis that slow grain growth and. hence. a Jow creep strength
of the dense regions are necessary conditions for composite
densification. This goal can be tested with a zirconia-based
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matrix since its grain growth kinetics depends strongly on the
amount of yttria in solid solution.” Consequently, experiments
based upon two different Zr(Y)O, matrices, i.e.. Zr(3Y)O, and
Zr(8Y)0O,, that exhibit different grain growth kinetics, each
containing 25 vol% Al O, inclusions, were designed to test
the hypothesis.

II. Experimental Procedure

Two zirconia (ZrO,) matrices (TZ-3Y and TZ-8Y, Tosoh
U.S.A.. Inc., Atlanta, GA) containing either 3 or 8 mol% yttria
(Y,0,) were chosen in order to control the grain size during the
densification of the matrix. Grain growth in zirconia is very
slow in the two-phase region of the ZrO,~Y,0; between ~1 to
~7 mol%, whereas on either side of this compositional range,
grain growth is rapid.’

The ZrO, + 3 mol% Y,0; (Zr(3Y)0,) and Zr0, + 8 mol%
Y.0, (Zr(8Y)0,) powders were colloidally prepared.’® The
powder was dispersed at pH 3 by adding HNO; to an aqueous
solution, and then subjected to an ultrasonic treatment to break
up soft agglomerates. The dispersed powder was then sedi-
mented to remove hard agglomerates >1 pm. The slurries
were subsequently concentrated to 2 higher solid loading by
centrifugation. Flocculation of the slurry was avoided to prevent
the addition of salts and to facilitate the redispersion of the
slurry after concentration; this centrifugation technique had the
drawback of removing a portion of the smallest particles. Dur-
ing the slurry concentration process, some HNO; was added to
maintain a pH of 3. The final aqueous slurries of ZrO,~3 mol%
Y0, and ZrO,~8 mol% Y,0, had a solid content of 40 and
37 vol%, respectively.

Dense AlO, inclusions, 38-53 um in size, were prepared
by sieving coarse. fused Al,O, powder (Alcoa, T-64/325L1,
Bauxite, AR). ALO,~Zr(Y)O, composites containing 0.25 vol-
ume fraction of Al,O, inclusions, based on total solid content,
were prepared by thoroughly mixing the inclusions with the
dispersed slurry. Both slurries were sufficiently viscous to pre-
vent mass segregation of the Al,O, inclusions. Disk-shaped
specimens (2.5 cm diameter X 0.8 cm) were consolidated by
using pressure-filtration'' at 5 MPa. After consolidation, the
bodies were dried at room temperature over a period of a few
days and then oven-dried at 60°C. The matrix particle packing
prior to drying was determined by measuring the weight before
and after drying.

The disks were initially heated to 1000°C for 30 min to
impart some strength to the powder compacts before they were
sectioned into six specimens. The different specimens were
subsequently heated at a rate of 5°C/min to temperatures rang-
ing from 1100° to 1600°C without any isothermal hold and
furnace cooied. Additional specimens were heated for 5 b at
1600°C. Density was measured using the Archimedes principle
in deionized water. Specimens were ground. polished. and ther-
mally eched to reveal grain boundaries. Microstructural obser-
vations were performed by scanning electron microscopy
(SEM) (840-ASM. JEOL. Peabody. MA).

1.

The densification behaviors of the two composites and of the
respective matrices without inclusions are shown in Fig. 1. The
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Fig. 1. Densification behavior of (a) 0.25A1,0.-Zr(8Y)O, composite and (b) 0.25A1,0,-Zr(3Y 10, composite and of their respective pure ratrices.

relative density of the powder matrix without inclusions was
0.48 and (.54 for the Zr(8Y)O., and Zr(3Y)O, powders. respec-
tively. Calculations based on the composite density showed that
the Zr(3Y)O, matrix had a relative density identical to that of
the matrix without inclusions. whereas the Zr(8Y)O, matrix
was reduced by 2%. The Zr(3Y)O, matrix without inclusions
densified to nearly theoretical density at 1300°C, whereas the
Zr(8Y)O, matrix became fully dense at 1400°C. As expected.
the presence of the inclusions perturbed the densification of
both matrices. Even though matrix densification in the compos-
ite was constrained by the inclusions, a maximum density of
0.92 and 0.94 was achieved for the Zr(8Y)0O. and Zr(3Y)O,
composites, respectively, at a higher temperature, relative to the
matrix alone. As shown in Fig. 1, densification appeared more
rapid for the Zr(3Y)O, composite.

Composite densities were correlated to microstructural
observations. Both composites had a well-dispersed inclusion
phase. Microstructures for a heat treatment at 1500°C are shown
for the two composites in Fig. 2. The microstructure of the
Zr(8Y)O, matrix resembles that of the previously reported*
AlLLO, matrix containing ZrO, inclusions (Fig. 2(a)). It has a
dual microstructure composed of porous regions surrounded by
a connective, denser material. The grain size in the porous
regions is small, but larger than the initial particle size. In the
denser regions, the grains grew to several micrometers, similar
to the dense material without inclusions. In addition, large
cracklike voids are observed at some inclusion/matrix inter-
faces. After heat treatment at 1600°C for 5 h, the grain size
increased to several micrometers in most regions. The porous
regions retained some residual, isolated porosity, resulting. in
part, from trapped porosity during grain growth. The large

cracklike voids at the inclusion interface were still present after
the 1600°C/5 h heat treatment.

As shown in Fig. 2(b), the microstructure of the Zr(3Y)O,
matrix evolved in a more homogeneous manner. No differential
densification could be observed after the 1200° and 1500°C
heat treatments. The main feature of this microstructure is the
presence of a large number of cracklike voids. These voids.
with a size comparable to the inclusion size. were primarily
located along the inclusion/matrix interface. Grain bridges were
often observed across the void as shown in Fig. 3. These bridges
were often elongated, and on the verge of desintering (Fig. 3(b)),
as described elsewhere.” Upon reaching the edge of the inclu-
sion. the cracklike void apparently blunted, and opened during
subsequent heat treatments. As expected, the grain size of the
Zr(3Y)O, matrix remained small, on the order of 0.4 pm,
throughout the matrix for specimens heat-treated below 1500°C.

IV. Discussion

The presence of the AL, O, inclusions constrained the densi-
fication of both matrices. Although the end-point densities of
the Zr(8Y)0. and Zr(3Y)O, matrices were nearly identical, i.e.,
0.92 and 0.94, respectively, the location of the residual porosity
was different. Most of the residual porosity was located within
the Zr(8Y)O. matrix in the form of density variations similar to
that previously observed* for the Al,O, matrix containing ZrO,
inclusions. Some cracklike voids at matrix/inclusion inter-
faces can also be noticed. For the Zr(3Y)O, matrix, the matrix
became fully dense, and the residual porosity was solely located
along inclusion/matrix interfaces, in the form of cracklike voids
with large opening displacements. Microstructural observations

Fig. 2. Microstructural observations of (a) the 0.25A1,0,-Zr(8Y)0. composite sintered at 1500°C. showing the inhomogeneous matrix densifica-
tion and the grain size differential. (b) the 0.25A1.0,-Zr(3Y)O, composite sintered at 1500°C showing the formation of large cracklike voids and the

full densification of the matrix.
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Fig. 3. Matrix/inclusion interface showing the elongated bridges at the tip of a cracklike void: (a) 1200° and (b) 1500°C.

represented by Fig. 3 clearly show that the desintering of grain
bridges was a dominating phenomenon at matrix/inclusion
interfaces. Why the desintering phenomenon is more rapid and
prevalent at the matrix/inclusion interface for the Zr(3Y)O,
matrix, relative to within the matrix for the Zr(8Y)O, material,
might be explained by the grain size difference of the two
matrices.

The initial green microstructure of the two composites can
be assumed to be equivalent. In particular, both matrices have
comparable packing densities but they certainly exhibit a lower
powder packing density next to the inclusion surface as detailed
elsewhere.!? Therefore, similar incipient flaws preexist in both
composites. During the initial stage of densification, both matri-
ces are relatively unconstrained up to the point where regions
between closely spaced inclusions become dense and begin to
constrain other remaining porous regions. After this similar
initial densification stage, the porous regions are kinemati-
cally constrained from densifying and the microstructure will
tend to reduce its surface to volume energy by a desintering
mechanism.

The difference of behavior of the two matrices certainly
occurs during the course of densification due to three causes.
First. the much smaller grain size of the Zr(3Y)O, material
maintains a larger driving potential to densify the matrix.
Therefore, the force acting upon any given grain bridge in the
matrix would be larger in the Zr(3Y)O, matrix, relative to the
Zr(8Y)O, matrix. Second, the desintering phenomenon depends
on a grain pair achieving a critical bridge length between adja-
cent regions; this critical bridge length depends on grain size.
That is. the smaller the grain size, the smaller the displacement
needed to “break™ the grain bridge by desintering. Third, the
desintering process localizes preferentially at the inclusion/
matrix interface because the weakest site in the Zr(3Y)O, com-
posite is next to the inclusion surface due to its lower initial
packing density. Once a cracklike void has nucleated along the
inclusion surface, stress and strain concentrations arise at the
tip of the crack and scale with the square root of crack length.
Therefore, the combination of a large crack opening driving
force. a small grain size. and an increasing crack length all
contribute to the rapid growth of these large defects along the
inclusion/matrix interface. This mechanism is closely related to
that described in creep~crack growth theories.'* except that in
our case. the applied stress is provided by the driving force for
densification of the adjacent porous region. On the contrary.
subsequent to the rapid matrix grain growth in the Zr(8Y)0O, in
the initial densification stage. the driving force is smaller and
most pores along the inclusion surface become of a size compa-
rable to that in the bulk of the matrix. thereby not providing a
preferential site for cracklike void nucleation and growth.

Thus it can be argued that the much smaller grain size in the
Z:13Y)H0. matriz aliows it to achieve a higher density because

of its higher driving potential for densification, where concur-
rently, the relaxation of the constraint produced by the inclu-
sions occurs by the opening of cracklike voids at the most
porous site, i.e., at the matrix/inclusion interface. According to
that same grain size argument. the microstructure evolves rap-
idly to reach the end-point density. Because of its much larger
grain growth kinetics, the microstructure of the Zr(8Y)O,
matrix becomes more resistant to a localized desintering insta-
bility. The porous regions are more homogeneous and the time
required to reach the final microstructure appears beyond the
experimental time frame of the current experiments. The final
microstructure might also be different because of the more
widespread location for cracklike void growth.

V. Conclusion

Decreasing the grain growth kinetics in the ZrQ, matrix
apparently affected the densification kinetics and the spatial
distribution and kinetics of the damage formed in the porous
regions as it certainly influenced the deformation rate of the
initially denser regions. Because of these different competing
phenomena, the differential grain size of the two matrix phases
did not have the profound effect on composite density as ini-
tially expected, but it did hasten the development and alter the
morphology of the end-point microstructure.
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Abstract

Damage transverse to the loading direction of a unidirectionally reinforced ceramic
matrix composite has been observed and characterized by ultrasonic methods and acetate
replicas. A laser-ultrasonic technique was developed and used to measure the ultrasonic
velocity anisotropy, thus the complete elastic stiffness tensor, during uniaxial tensile
loading/unloading of calcium aluminosilicate (CAS) composites reinforced by Nicalon™
SiC fibers. Acoustic emission and surface replica observations link degradation of the axial
stiffness to the accumulation of matrix cracks normal to the loading (and fiber) direction.

The substantial loss of transverse stiffness is proposed to originate from fiber/matrix
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interface debonding near matrix cracks. These observations may significantly impact the

constitutive models used to design multiaxially loaded ceramic matrix composites.

112



1. INTRODUCTION

Ceramic matrix composites (CMCs) have attracted interest for high temperature
structural applications because of their substantial toughness enhancement compared to
monolithic ceramics and their high specific elastic moduli. The enhanced toughness is only
obtained when the fiber/matrix interface is relatively weak [1-6]. This can be achieved
when a thin carbon-rich layer exists between a Nicaloﬁ SiC fiber and its calcium
aluminosilicate (CAS) matrix. CAS/SiC glass-ceramic composites with weak interfaces
exhibit a large nonlinear deformation and have significant damage tolerance under tensile
loading, as a result of extensive multiple matrix cracking and interfacial debonding/sliding
[5,7,8]. These materials are then relatively notch-insensitive because the stress at
concentrators (such as attachments and holes) is redistributed through inelastic strain
(matrix cracking process), and the risk of their catastrophic failure is significantly reduced
from that of conventional ceramics [9-11].

In the past, CMC damage in the form of matrix cracking was often characterized
by the change of Young’s modulus measured by the partial unloading of a sample during
tensile testing [7,12,13]. The stiffness reductions were observed to accompany nonlinear
deformation, and were experimentally correlated to the change of matrix crack density in
the loading direction. These observations have formed the experimental basis for the
subsequent development of micromechanical constitutive models that are now used for
mechanical design [8,10]. However, the Young’s modulus measurements provide little

insight about damage that might occur in other orientations due, for example, to fiber-

matrix interface debonding. Degradation of moduli in these other orientations could lead
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to premature failure under multiaxial loading near points of attachments, holes or at
notches. An efficient experimental methodology is therefore needed to measure and assess
the complete anisotropic stiffness degradation. Such information could lead to a better
understand of the damage mechanisms as well as providing essential information for
constitutive modeling and for CMC design. In this study, nondestructive laser-ultrasonic
and acoustic emission techniques have been used to explore the anisotropic, strain
dependent, damage evolution of unidirectional CAS/SiC under uniaxial tension. The
ultrasonic approach extends early work by Baste ef. al [14] who used a water bath to
conduct conventional ultrasonic measurements and found a correlation between the wave
velocity and CMC damage.

The ultrasonic evaluation of anisotropic damage is based on a reduction in elastic
stiffness tensor components as a result of the collective effect of microcracks. The elastic
stiffness components can be deduced from measurements of ultrasonic wave velocities in
different propagation directions. Elastic wave propagation velocities in anisotropic media

are given by solutions to the well-known Christoffel equation [15]
detlCyipy nny — PV 26| = QV .m) =0, (1)

where C;u are the elastic stiffness constants of the material, # is a unit vector in the wave
propagation direction, p is the density of the medium, V is the elastic wave’s phase
velocity and J; is the Kroneker delta. Wave velocities measured along various
propagation directions can be used to determine the elastic constants (*,; using Eq. (1).
Elastic constant measurements have been made 'in undeformed CAS/SiC

composites using a resonant ultrasonic spectroscopy (RUS) technique [16]. Results have
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shown that undamaged unidirectional CAS/SiC composites are transversely isotropic with
the elastic constants given in Table 1. For a transversely isotropic material, there are five
independent elastic stiffness components: (';, Css, (g, (2, and Cy3, while (= ("),
(i=Chs Css=Cee and Cos = (C1-C2)/2, where the [-2 directions form the plane
perpendicular to the fiber direction. Based on transversely isotropic symmetry, analytical
expressions for the three unique phase velocities in the /-3 plane (n, = 0) can be derived
from Eq. (1) [15]. Two of these correspond to a quasi-longitudinal (JL) mode with a

velocity

VoL = 2 (2)
and a quasi-shear (or quasi-transverse) mode (Q7) with a velocity
or =\" ®)
where
a=(C, +Cs)cos’ 8+ (Cy, +Cy)sin* 6, 4)
and
b =[(Cjy - Cs5)cos? 8- (C33 — Css)sin® 6] +4(Cy3 + Css)* sin? fcos? 6. (5)
The third is a pure shear (or pure transverse) mode (P7) with velocity
Vo = \[ Ceg cos> 9; Cagsin’ 6 ©

where 0 is the angle between the wave propagation direction and the /-axis.

Similarly, in the /-2 transversely isotropic plane (n: = 0), it is easy to show that
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V/’L = 7 (7)
.

Ver = "‘;—i' (®)
C

Vera = —;—6' ©)

Point source laser ultrasonic techniques enable precise measurements of wave
propagation speeds between precisely defined locations on a sample. In a laser-ultrasonic
approach, an ultrasonic pulse is generated by optical absorption, and its time of flight over
a known distance is sensed either optically or in the study here, using point-like
piezoelectric transducers. Since one measures the time of flight of a pulse, one strictly
measures a group velocity. The RUS results for CAS/SiC indicated however that the
difference between the phase velocity and group velocity was negligible, consistent with
the small elastic anisotropy of this material system.

It should be pointed out that at the microscopic scale, composites are
heterogeneous media with differing elastic constants in each phase. However, when the
ultrasonic wave length is long compared with the length scale of the inhomogeneity, the
medium responds as an equivalent homogeneous medium [17]. This is the case for the
composite material used in this study. In this situation, the complexity of wave reflection
and refraction at the interfaces between the different material phases can be neglected, and
elastic constants approximate well those of an equivalent homogeneous medium.

In addition to the wave velocity measurements, damage evolution can also be

detected by acoustic emission (AE) techniques. This approach has previously been used to



detect matrix crack initiation and damage evolution in CMCs [18,19] Acoustic emissions
are elastic waves generated by sudden changes in the stress state within a body. In
ceramics, these are usually associated with the formation of cracks [20,21]. The radiated
elastic waves cause surface displacements that can be detected by piezoelectric sensors
attached to the sample surface [21]. In the present work, AE events were recorded during
loading/unloading and were combined with surface replica observations to link the
evolution of damage to the macroscopic stress-strain behavior. We note that laser-
ultrasonic and AE techniques are both examples of dynamic elastic test methods. Laser-
ultrasonic measurements convey information about the accumulated damage state; AE
signals reveal when, during loading, the individual damage events occur. We have
explored the use of both measurements to try and better understand the damage
mechanisms and their evolution in a representative unidirectional ceramic matrix

composite.

2. EXPERIMENTAL PROCEDURE

2.1 Specimens

Unidirectional CAS/SiC composite material was provided by Corning Inc. (New
York). It consisted of multiply laminae with the fibers aligned in one direction. The
manufacturing procedure and material properties have been described elsewhere {7,16].

The Nicalon™ SiC fiber volume fraction was about 0.35, the average fiber diameter was

15 pum, the Young’s modulus of the fiber was 200 GPa and that of the matrix was 97 GPa.
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A carbon-rich interface was formed between fiber and matrix during fabrication, and plays
an important role in the deformation of Nicalon fiber reinforced ceramics [1,2,5,6]. The
CAS matrix has a higher thermal expansion coefficient (~ 5 x10 ' C ") than that of the
fiber (~ 4x10 °C™") [7]. Thus, the matrix is under axial residual tension and the interface is
under radial compression after cooling from processing [7,22]. Fiber push-out tests
indicate a modest interface sliding resistance of about 16 MPa [23].

Tensile test specimens were cut from the plate using a low-speed diamond saw.
The specimens were 150 mm in length, 10 mm in width and 3 mm in thickness. The fibers
were oriented parallel to the loading direction (the long direction of the specimen).
Aluminum tabs were bonded to the sample ends using a modified epoxy. To
metallographically detect matrix cracks, the side surfaces of two of the samples were
polished prior to tensile testing and acetate replicas were taken at different stress levels
during continuous loading test. Fracture surfaces of testing samples were also analyzed by

scanning electron microscopy (SEM) using a JOEL JSM 6300 FXV.

2.2 Tensile testing

Tensile testing was performed at a cross-head speed of 0.02 mm/min using a
computer controlled screw driven machine equipped with a 50 kN load cell. Axial strain
was measured with a one-inch gauge length extensometer in contact with the sample in the
gauge section. Care was taken to avoid over-tightening the extensometer which could lead

to premature failure at its contact positions with the sample.



Load-extension information during testing was recorded and stored in a personal
computer using LabVIEW program (National Instrument). For each experiment, load was
allowed to increase to a pre-set level and then held at that level while laser-ultrasonic
measurements were made. The stress was then reduced to 10 MPa, and the laser-
ultrasonic measurements repeated. The entire measurement procedure was repeated to
progressively higher stress levels. Acoustic emission events were also recorded throughout

both the loading and unloading process.

2.3 Laser-ultrasonic measurements

The use of a pulsed laser to generate a broad band acoustic pulse is now well
established [24,25]. Three basic mechanisms of ultrasonic generation have been identified:

(I) The thermoelastic regime. Absorption of a low power pulse causes a rapid
localized rise of temperature, which results in a transient (dilational) thermoelastic stress.
Stress components normal to the surface are relaxed at the surface and the stress is
approximately biaxial in the plane of the surface. In isotropic materials, the elastic waves
generated from this type of thermoelastic expansion mechanism are most energetic in a
cone at ~ 60° to the surface.

(IT) The constrained surface source. In this regime, the ultrasonic amplitude of the
thermoelastic mechanism is enhanced by applying a transparent coating to the irradiated

surface. This constrains the stress relaxation normal to the sample surface and significantly

enhances the signal strength, especially normal to the sample surface.
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(IIT) The plasma regime. At high incident power densities, surface melting and
evaporation occur, resulting in material ablation, and the formation of a plasma above the
sample surface. The momentum of the evaporated material exerts a force on the sample,
causing a reactive stress at the surface. This generates an intense broad-band ultrasonic
source, whose strongest components are directed normal to the surface.

In this study, vacuum grease was applied to the sample surface to enhance the signal, and
ultrasound was thus generated by a combination of I, II and III above.

Fig. 1 is a schematic diagram of the test set up. Fig. 2 shows the positions of the
piezoelectric sensors and defines material coordinates used later. The laser source was a 7
ns duration Q-switch Nd:YAG laser pulse with a wavelength of 1.064 um. To deliver the
laser pulse to the sample during loading, a multimode step-index Sm long optical fiber
with a 600 um core diameter was used [26,27]. A pulse energy of about 5 mJ was chosen
to avoid damage to both the optical fiber and the specimen. A small convex lens
conveniently coupled the laser beam into one end of the optical fiber. A two convex lens
setup was used to focus the outcoming beam from the fiber onto to the sample. This was
attached to a PC controlled two axis positioner that provided source position control to
about a micron level of precision. Laser source scanning along the two principal directions
shown in Fig. 2 was thus accomplished.

A small portion of the laser pulse was deflected onto a photodiode and used to
trigger a pair of 8-bit, 1 GHz digital oscilloscopes to which the signals from the two
ultrasonic transducers were also connected. These transducers were of a broad band

conical design with a small (1.0 mm) aperture [28]. Their signals were amplified and low



pass filtered at 10 MHz before digitization and recording. The arrival time of the acoustic
pulse was measured by observing the difference in time between the photodiode and
transducer pulse. The systematic delay arising from the propagation of laser pulses
through the optical system was measured and subtracted from the wave arrival time
detected by the sensor attached to the sample. The time of flight measured in this way had
a precision of £+ 5 ns.

Using the ultrasonic velocities measured within the principal /-2 and /-3 planes,
we were able to determine the elastic constants of CAS/SIC at different damage states. (',
was determined directly from the longitudinal wave velocity at the epicenter position using
Eq. (7). In the transversely isotropic plane, Cy and Css can be deduced from the shear
wave speed. However, the magnitude of Cys and Ces are too close to each other (Table 1),
and it is difficult to distinguish the signals in the wave forms. As a result, we used the
approximation C4 =~ Ces, and determined Cy (Css) by averaging the shear velocity at
different scan positions in the /-2 transversely isotropic plane.

After Cy;, C4 and Css were determined, the longitudinal wave velocities along
fifteen different directions within the principal /-3 plane were used for curve fitting to
determine the unknown elastic constants Cs; and C;s, using the solution of the Christoffel
equation. Again, the two shear modes are not clearly distinguished, thus identifying Cs;
and C,;; was based on the longitudinal wave speeds using Eq. (2) through a nonlinear
curve fitting process. Once all the independent elastic constants were determined, the

ultrasound velocities for various modes were calculated as a function of propagation

direction.
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2.4 Acoustic emission

During loading and unloading, acoustic emission events were detected by the same
two transducers used to detect the laser generated ultrasound. These signals were band
pass filtered between 20 kHz and 2 MHz to reduce background noise. AE waveforms
were recorded on the digital oscilloscopes. A total of 20,000 data points were recorded
with a 2.5 nsec sample interval and the integrated root-mean square (RMS) average of the

waveform amplitude was calculated for every recorded waveform.

3. RESULTS

3.1 Stress-strain and acoustic emission behavior

Fig. 3 shows a typical loading/unloading stress-strain curve and the accompanying
acoustic emissions. In the nominally linear portion of the stress-strain curve (up to the
elastic limit ~ 140 MPa), a few AE events were detected. The deformation processes
responsible for these emissions have no discernible effect on the macroscopic deformation
behavior, and are presumed to arise from extension of defects created either during
fabrication or machining of the test samples. Young’s modulus obtained from the slope of
the stress-strain curve for several tensile specimens was in the rangé of 125 GPa to 133
GPa.

Beyond the linear regime, AE events started to accelerate. This can be seen in Fig.

3 and more clearly by the accumulation of the AE in Fig. 4 (a). This acceleration of AE



events near 140 MPa'was also observed in two of the other tested samples. It was
éccompanied by macroscopic nonlinear deformation and a composite stiffness decrease.
This could be characterized by the reduction of Young’s modulus measured by partial
unloading. Effective Young’s moduli at various peak stress levels determined by partial
unloading (Ac =20 MPa) are given in Fig. 4(b) (solid line). The unloading modulus started
to decrease rapidly when the stress reached 200 MPa, where wide-spread matrix cracking
was observed to have occurred (see below). The effective elastic modulus had changed
little when the sample was unloaded from either 270 MPa or 320 MPa. During later
deformation stages, the fibers carried an increased fraction of the load, and the stress-
strain curve showed a “stiffening” effect, as indicated in Fig. 3. Acoustic emission events
recorded in the later deformation stage could be the result of fiber fracture, and continued
localized (short) matrix cracking.

During unloading from 320 MPa, a number of AE events (~25) were observed. In
contrast, only one or two AE signals were recorded when unloading from lower stress
either 200 MPa or 270 MPa. AE events during unloading could have originated from
crack closure (rubbing) or the nucleation of new matrix cracks. For most reloading paths,
AE did not occur until near the previous stress level, in agreement with previous acoustic
emission studies [18,19]. However, at higher stress loading, AE events reoccurred well
before reaching the previous stress level (e.g. when 270 MPa was reached). These
observations suggest that unloading/reloading does not contribute to significant additional
damage when the previously applied stress was moderately lqw, but that it can occur in

more highly stressed samples.
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3.2 Matrix cracking during loading

The development of matrix surface cracks was observed from optical micrographs
of acetate replicas (~ 3 mm x10 mm) taken during continuous testing up to failure (stress-
strain behavior and AE are not presented here). Figs. 5(a)~(e) show matrix cracks at five
progressively higher stresses. Surface cracks were first detected at a stress level of ~ 140
MPa (see arrow in Fig. 5(a)). At a lower stress level, no visible surface damage was
detected, even though a few AE events were recorded. These AE events are therefore
attributed to internal cracks that do not extend to the sample surface. When the stress was
increased to 168 MPa, the original crack presented in Fig. 5(a) (indicated by the arrow)
extended, and new cracks were nucleated nearby, Fig. 5 (b). These two micrographs
clearly show that the matrix cracks formed early in the loading process do not spread over
the entire sample cross section, and the cracks are not uniformly distributed in the loading
direction, as usually assumed in current modeling approaches [10, 29]. Replicas made on
another sample loaded up to 220 MPa also showed the same crack initiation behavior.

The stress-strain curve started to deviate from its original linear slope with the
development of the matrix cracking. Fig. 5(c) shows that at 200 MPa matrix cracks had
spread to a wider area compared to Fig. 5(b). By the time the stress had reached 230
MPa, the surface replicas indicated that matrix cracks were approximately evenly
distributed, Fig. 5(d). The crack density continued to increase rapidly up to a stress level
of ~ 270 MPa, Fig. 5(e), and saturated. The matrix crack densjty as a function of stress is

plotted (dashed line) in Fig. 4(b). In tests that were not used for laser-scan measurements,



AE events were observed to increase in the same stress range over which the matrix crack
density increased rapidly (according to the replica results on the same sample). The
increase of the matrix crack density was thus strongly correlated with a reduction of the
axial elastic modulus, and increased AE.

As an aside we have noted that when tests were interrupted, as shown in Fig. 3,
relatively few AE events subsequently occur in the stress range 200-240 MPa where
nonlinear deformation is prevalent. We observed a substantial amount of inelastic strain
while holding at 200 MPa to perform ultrasonic measurements (piezoelectric sensors
recorded laser-generated ultrasound, not AE during this period). A significant amount of
damage seemed to have accumulated at this constant stress level, and the relative absence
of AE in interrupted tests might indicate that subsequent inelastic deformation was
accommodated by crack opening (a relatively silent process) rather than crack extension
or the formation of new cracks.

Surface replicas revealed interactions of matrix cracks with fiber/matrix interfaces.
The form of this is illustrated in Fig. 6 (a)-(c), corresponding to the same surface area at
stress levels of 140 MPa, 270 MPa and 430 MPa, respectively. We observed increased
acetate penetration into the interfaces neaf matrix cracks. This is shown by the gradually
exposed “boundary” between the fiber and the matrix on the replica at two sites marked by
arrows. These “boundaries” remained visible after final failure. There was a strong

correlation between matrix cracks and the observed damage along the interface. Acetate

replicas did not reveal interface damage in regions where no matrix cracks existed.
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3.3 Fracture surface observations

Fracture surfaces of tested samples show considerable fiber pullout, and fiber
debonding from the surrounding matrix, as shown in Fig. 7 (indicated by an arrow). Other
SEM observations also indicate the occasional presence of radial matrix cracks (Fig. 8).

These observations will be discussed in section 4.2.

3.4 Elastic properties determined from laser-ultrasonic measurement

The measured longitudinal wave velocities are plotted in Fig. 9 for four different
stress levels (0, 200, 270 and 320 MPa). Similar measurements and calculations were also
performed for a second sample at stress levels of 180 and 240 MPa. The elastic constants
determined from the velocity data at each stress level are given in Fig. 10. The results at O
MPa are also listed in Table 1 for comparison with those previously determined with the
sensitive RUS technique [16]. The agreement between these two test methods is clearly
good.

Uncertainties in C;; (1.4%), Css and Cyy (£3.3%), C12 (=C11-2Ce6) (£7.1%) were
estimated based on the precision of wave arrival time determination and wave travel
distance. The errors for Cs; (~ £3.0%) and C;; (~ £10%) (deduced from nonlinear curve
fitting) are determined according to a 95% confidence limit setting during the nonlinear
curve fitting process. The relatively large range of scatter for the off-diagonal elastic

stiffness constants has also been found in other ultrasonic studies {30].
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The Yoﬁng’s moduli of the composite can be deduced from the ultrasonically
determined (', values. Using the coordinate system defined in Fig. 2, the ultrasonically

deduced axial Young’s modulus £’ for transverse isotropic material is:

CE
(,11 +C,12

(10)

The dependence of £’ upon stress is plotted in Fig. 11, together with the elastic moduli

E* (unloading elastic modulus determined from partial unloading) and E (average
modulus determined from the hysteresis loop as illustrated in Fig. 3) obtained from tensile
testing [29]. All the moduli are normalized to the initial Young’s modulus, E, measured in
the nominally elastic region. They show a similar degradation trend with stress. However,
the rate of degradation varies from one to the other.

Similar measurements were also performed after unloading to 10 MPa from
successively higher stress levels. In general, the wave arrival times were reduced slightly
compared with those before unloading. Values of the elastic constants for sample #1
before and after loading at different stress levels are listed in Table 2. The elastic constants
after unloading are slightly higher, especially after unloading from 270 and 320 MPa,
presumably due to the narrowed matrix crack opening after unloading. However, the

overall change of elastic constants upon unloading is small, indicating that the majority of

matrix cracks and damage still contribute to softening even after unloading.
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4. DISCUSSION

4.1 Damage evolution

An experimental study of damage evolution in unidirectional CAS/SiC under
tension has been conducted using in situ laser-ultrasonic, acoustic emission, mechanical
property measurements and observations of surface cracking via replicas. The stress-strain
curve (Fig. 3) shows a plateau region from 200 MPa to 270 MPa, as a result of damage
accumulation associated with the formation of new matrix cracks, interface
debonding/sliding and additional crack opening under loading. This is reflected by the
rapid increase of matrix crack density, the reduction of axial Young’s modulus (Fig. 4(b)),
and the significant decrease of ultrasound velocity (Fig. 9) in this region. The results
demonstrate that matrix crack density, ultrasound velocity and elastic stiffness are closely
related during damage evolution, and that the laser-ultrasonic technique is an effective tool

for the measurement of damage evolution in CMCs.

4.2 Transverse elastic stiffness degradation

The laser-ultrasonic measurements show that the stiffness decreases not only in the
1-3 plane but also in the transverse /-2 plane. Changes in the transverse elastic stiffness
C1r and Ces (Fig. 10) reveal a progressive deterioration in the transverse plane under
loading. Replicas have linked this to interface debonding (Figs. 6 and 7) at the weakly
bonded carbon-rich interface near matrix cracks. When matrix cracks run into interfaces,

they are deflected along the interfaces; the resulting damage traces on the surface are
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recorded by acetate replicas (Fig. 6). Numerical calculations have also shown matrix
cracking can change the radial interface stress from compressive to tension (due to radial
stress concentration) [31], which may explain the easy penetration of acetate into the
interfacial damage area.

Radial cracks of the type shown in Fig. 8 are also able to contribute to the
transverse softening. Since the CAS matrix is under hoop tensile residual stress after
processing, radial cracks could be a result from thermal mismatch between the fiber and
the matrix. However, laser-ultrasonic and RUS measurements (Table 1) have indicated
that, for the as-received CAS/SiC, the transverse elastic stiffness C;; (~147 MPa) is high
(axial Cs3~154 MPa), implying that the initial radial crack density is very low, as verified
by SEM. It may be that the shock wave generated by final fracture produced the additional
cracks [32,33]. In that case, the splitting in Fig. 7 and 8 would not have contributed to the
ultrasonically observed softening prior to final fracture.

Based on above, we concluded that interface damage (debonding) caused by
matrix cracks interactions with fibers is the dominant factor responsible for the decrease of

the elastic constants in the transverse direction during loading.

4.3 Comparison of axial elastic modulus obtained by mechanical testing and laser-
ultrasonic technique
The elastic modulus £’ calculated from the ultrasonic determined (', decreases

with increasing stress, consistent with the results from mechanical testing. As shown in

Fig. 11, most values of the axial elastic modulus determined from the laser-ultrasonic
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method lie between £* and E . However, some discrepancy exists between the magnitude
of £"and £* We note that the laser-ultrasonic measurement is an in-situ testing method,
whereas mechanical determination of the elastic modulus must be done using
loading/unloading. In the elastic region where little or no damage is present, these two
approaches should yield the same results, as observed in this study. However, once
damage occurs in the CMCs, bridging fibers can exert frictional forces on the matrix,
which tend to oppose crack closure during unloading and resist crack opening during
loading [1]. For CAS/SiC, a moderate sliding resistance (~ 16 MPa) at the fiber/matrix
interface [23] results in a smaller unloading strain compared to the case without interfacial
friction; this consequently “stiffens” the composite and yields a higher unloading modulus
E*. On the other hand, the dynamic stresses activated in the laser-ultrasonic method are
small, the cracks remain open and the modulus is lower. We also note that C;; and C;;
determined by ultrasound measurement have relatively large uncertainties, which affect the

precise determination of the elastic modulus £’ (see Eq.(10)).

5. CONCLUSIONS

Anisotropic damage evolution in unidirectional CAS/SiC has been observed using
laser-ultrasonic and acoustic emission techniques. Matrix cracking, observed by both
surface replicas taken under loading and acoustic emission monitored during testing, is

responsible for the significant drop in axial elastic stiffness constants. The form of the



reduction of the effective axial Young’s modulus from laser-ultrasonic measurements is
similar to that observed from mechanical test, but discrepancies remain.

Significant degradation of the transverse stiffness elastic constants (7, is also
observed. Surface replicas indicate that this transverse “softening” is linked to interfacial
debonding, that results from interactions between matrix cracks and nearby fibers. These
results indicate that the laser-ultrasonic technique is a useful tool for the in situ

measurement of anisotropic damage in CMCs.
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TABLE 1
Elastic constants of unidirectional CAS/SiC composites with transversely isotropic

symmetry (Units: GPa). The 3-axis is parallel to the fiber direction [16].

Cu Css Cis Cr Cas *Ces

147.21 153.83 5036 5330 4772 46.95

*Cs6=(C11-C12)/2
** [aser- ultrasonic results at 0 MPa:

C” = 146, C33 =158,' C13=55, C12=52, C44 =47
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FIGURE CAPTIONS
Fig. I Schematic experimental setup for laser-ultrasonic study.
Fig. 2 Material coordinates and the positions of piezoelectric sensors.
Fig. 3 Loading/unloading stress-strain curve and the corresponding AE events. £ is the
Young’s modulus in the elastic region, E is the average Young’s modulus determined
from the hysteresis loop, and £* represents the unloading modulus.
Fig. 4 (a) Accumulated AE events as a function of stress; (b) The matrix crack density
(dashed line) and the reduction of the unloading elastic modulus £* (solid line) as a
function of stress.
Fig. 5 Optical micrographs of replicas showing surface matrix cracks at different loading
stages: (a) 140 MPa;(b)168 MPa; (c) 200 MPa; (d) 230 MPa; (e) 270 MPa.
Fig. 6 Optical micrographs of replicas taken under the same area showing interfacial
damage: (a) 140 MPa; (b) 270 MPa; (c) 430 MPa, two sites are marked by arrows.
Fig. 7 SEM micrograph of fracture surface showing interface debonding, as indicated by
an arrow.
Fig. 8 SEM micrograph of fracture surface showing matrix radial cracks.
Fig. 9 Longitudinal wave velocity in the /-3 plane at different stress levels for a tested
sample. Symbols: experimentally measured velocities. Solid lines: longitudinal velocity
calculated using the experimentally determined elastic constants.
Fig. 10 Elastic constants at various stress levels determined from laser-ultrasonic
velocities.
Fig. 11 Normalized elastic modulus determined by laser-ultrasonic method and mechanical

testing.
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Elastic Properties of Laminated Calcium Aluminosilicate/Silicon Carbide
Composites Determined by Resonant Ultrasound Spectroscopy
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The elastic properties of unidirectional and 0°/90° crossply
Nicalon-SiC-fiber-reinforced calcium aluminosilicate (CAS/
SiC) ceramic-matrix composites have been measured using

a resonant ultrasound spectroscopy (RUS) technique. This-

approach has allowed the nondestructive determination of
the complete set of independent second-order elastic stiff-
ness constants of these ceramic composites. These stiffness
data have been used to obtain the orientation dependence of
Young’s modulus and the shear modulus. The results are in
reasonably good agreement with the limited experimental
data obtained from mechanical testing. The RUS measure-
ments reveal that the unidirectional CAS/SiC composite is
well modeled by transverse isotropic symmetry, indicating
relatively isotropic fiber spacing in the transverse plane.
The analysis indicates that the overall elastic anisotropy
is also small for unidirectional and 0°/90° laminated CAS
ceramic-matrix composites, a result that can be attributed
to the relatively low modulus ratio of the Nicalon SiC fiber
to the CAS matrix and to the moderate fiber volume
fraction. ,

I. Introduction

CERAMIC—MATRD( composites (CMCs) have generated sig-
nificant interest as potential high-temperature structural
materials, because of their low density, high elastic moduli,
high strength, and, for those with weak interfaces, surprisingly
good damage tolerance.'® The use of inexpensive glass and
glass-ceramics as a composite matrix has facilitated the devel-
opment of inexpensive synthesis techniques. The viscous flow
characteristics of the glass make easy densification of an appro-
priately oriented composite lay-up possible by applying pres-
sure at an elevated temperature. Then, matrices can be
crystallized to form fiber-reinforced composites with high ther-
mal stability.> Many applications have been proposed for these
relatively affordable materials.>** In structural applications, a
multiaxial stress state is often encountered and unidirectional
composites are susceptible to failure by transverse cracking.*’
For these applications, multi-ply laminates are normally neces-
sary. These also are synthesized by hot pressing a lay-up of
appropriately oriented unidirectional laminae arranged to carry
load in different directions.>® ..

Several aluminosilicate matrices have been explored for the
design of composites with weak interfaces. Composites of cal-
cium aluminositicate (CAS) reinforced with Nicalon™ (Nippon
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Carbon Co., Tokyo, Japan) SiC fibers have been the subject of
particularly active investigation.” In this system, a thin carbon-
rich layer between the fiber and matrix leads to a composite
with a high toughness and good damage tolerance,'*!? This
class of composite exhibits nonlinear deformation above a criti-
cal tensile stress, a result of multiple matrix cracking 341!
These materials are designated as Class II ceramic composites,
based on their fracture mechanism.'"'"* Class II materials are
“matrix-dominated” materials; they have a relatively large ini-
tial tensile modulus, exhibit appreciable inelastic strain, and
achieve a steady-state matrix-cracking condition before fiber
failure.™'*!* These materials are relatively notch insensitive,
because the stress is redistributed through the inelastic strain
(matrix cracking). This is of significant importance for struc-
tural applications, because the stress concentration near notches .
and attachments can be mitigated by inelastic deformation, and
the risk of catastrophic failure is consequently reduced.
Because the initial elastic modulus and the subsequent inelas-
tic strain behavior of composites are expected to be sensitive to
the fiber orientation and its volume fraction, complete elastic
constant data are needed for the design-of components sub-
jected to multiaxial loads. In the past, the Young’s modulus in a
specific direction has been used for design purposes. It has been
measured in a tensile test and is of limited value, because it
conveys little information about the shear and off-axis proper-
ties that frequently govern the useful strength.*"' To obtain a
more complete elastic constant data set, a variety of different
mechanical tests must be used and considerable effort is
required to obtain data that are sufficiently precise.* The prob-
lem is considerably complicated by the occurrence of damage
at interfaces and in the matrix at low stress levels. Here, we
explore the application of a resonant ultrasound spectroscopy
(RUS) technique to obtain all the independent elastic con-
stants simultaneously for unidirectional and 0790° crossply
CAS/Nicalon SiC composites. -
The RUS technique is a nondestructive technique based on
ultrasonic excitation and the measurement of the mechanical
resonant frequencies of a small sample having a regular shape.'
The mechanical resonant response of a solid is dependent on its
elastic moduli, shape, and density."* The resonant spectrum can
be predicted based on these parameters. However, no analytical
solution exists for the inverse problem (i.e., for deducing elastic
constants from a measured spectrum). Thus, to deduce the
elastic constants via the RUS technique, a least-square model-
ing approach is used. The resonant frequency spectrum is first

_ calculated from an initial estimate for each of the elastic con-

stants. The calculated spectrum is then compared with the meas-
ured one, and a least-square difference between the measured
and predicted resonant frequencies is calculated and summed
for all the spectral peaks to find a residual, F, given by

F=Zw(ft- £y m

where f; (where i = 1, 2,..., n) is the ith measured resonant
frequency, f* the predicted frequency, and w; a weight factor
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TableI. Mechanical Properties of CAS/SiC Class II
Glass-Ceramic Composites’

Property 0° 0%790°
Longitudinal (0°) tensile properties at j;’((): 194

imate strength (MPa)
e s 0.95 0.74

Ultimate strain (%)
Elastic limit stress (MPa) 207 100
Elastic limit strainG (%) 0. 11-2(1.15 (; l116
Elastic modulus (GPa)

Poisson's ratio 0.25 0.22-0.24

Off-axis properties at 25°C

Transverse (90°) tensile strength (MPa) 28
In-plane shear strength at +45° (MPa) 65
Transverse elastic modulus (GPa) 117
Shear modulus at +45° (GPa) 48 48

*Supplied by Corning. Fiber modulus. E,, is ~200 GPa: matrix modulus. £,. is
~97 GPa: and fiber volume fraction. V,, is ~0.35. Density. p. for each is 2.7 g/em'.

reflecting the degree of confidence in the measured frequency.
The minimum value of F is obtained by varying the estimated
elastic constants in the forward problem that predicts f* The
elastic constants that minimize F are then considered to be the
actual elastic constants of the material. This method has already
been successfully used to identify the complete elastic constants
of many single-crystal materials. intermetallic compounds,'*"?
and, recently, boron-fiber-reinforced aluminum composites.'*

Choosing a symmetry for the RUS approach is necessary. In
the work presented here, transversely isotropic symmetry and
orthotropic symmetry have been used for determining the elas-
tic constants of unidirectional CAS/Nicalon SiC. For 0%790°
crossply composite materials with even numbers of 0° and 90°
laminae, tetragonal symmetry has been assumed.

II. Experimental

(1) Materials

The materials used in this study were supplied by Coming,
Inc. (Comning, NY). The fabrication started with the infiltration
of a CAS matrix slurry into a Nicalon fiber yamn. The resulting
sheets were dried, cut, and stacked in the appropriate orienta-
tion.” The plies were then consolidated to final composites by
hot pressing. The mechanical properties of 0° and 0%/90° materi-
als provided by Comning are summarized in Table 1. The fiber
volume fractions for unidirection (0°) and 0%90° laminated
composites were ~35%. The Young’s modulus for the matrix,
E,, was ~97 GPa and for the fibers, E;, was ~200 GPa.

(2) Resonant Ultrasound Spectroscopy

Rectangular parallelepiped specimens were cut from the 0°
and 0%/90° laminated composites and then polished. The unidi-
rectional sample was ground to the dimensions a, = 2.976 mm,
a, = 4.023 mm, and a; = 3.317 mm, where the fiber direction
was parallel to the 3-axis and the /-axis was the thickness
direction of the laminate (Fig. 1(A)). For the 0°/90° crossply

152

Elastic Properties of Laminated CAS/SiC Composites Determined by Resonant Ultrasound Spectroscopy 143

composite, the final sample dimensions were a, = 2.794 mm,
a, = 3967 mm, and a, = 3.185 mm. where the 3-axis was
parallel to the thickness direction of the laminate, as shown
in Fig. 1(B).

To make a RUS measurement. the sample was lightly
clamped between two piezoelectric transducers along one of its
body diagonals. One of the transducers generated a continu-
ously swept frequency ultrasonic signal of constant amplitude.
The mechanical resonances of the sample were detected by a
second transducer. In this study, the excitation frequency varied
over arange of 0.3-1.9 MHz. To detect all the resonant frequen-
cies in this range, the measurement was repeated several times,
while the sample position, with respect to the transducers, was
altered slightly each time. This practice ensured that all possible
vibrational modes were detectable. The 70 lowest resonant peak
frequencies were measured and used for determination of the
elastic constants. The error for the individual elastic constants
was estimated by examining the curvature of the minimum F
value (in Eq. (1)) for a particular elastic stiffness constant, C,."

III. Results

(1) Microstructure Characterization

As-received materials were characterized using a field-
emission scanning electron microscope (SEM) (Model 6300,
JEOL. Tokyo, Japan). Figures 2(A) and (B) are SEM micro-
graphs showing the cross sections of the unidirectional and
0%90° composites, respectively. The nominal ply thickness was
~200 pm. and the fiber diameter was ~15 um.

The fiber volume fraction of the unidirectional laminated
CAS/SiC composite was determined by using image analysis
on the SEM micrographs of the cross sections using a software
package (Mocha) developed by Jandel Scientific (Corte Madera,
CA). The matrix and fiber were classified based on their gray
level. The number of matrix and fiber pixels was individualty
counted. The fiber volume fraction was then determined from
the ratio of the number of fiber pixels to the total number of the
pixels. Twelve micrographs were used to calculate the average
fiber volume fraction, V,, found to be 34%, which was very simi-
lar to the value supplied by Coming.

The as-received material was almost fully dense, as shown
by the micrographs in Fig. 2. A few pores were observed,
usually where a triangular group of touching fibers had hin-
dered infiltration. The macroscopic density, p, was determined
10 be ~2.685 * 0.005 g/cm? by measuring the mass and dimen-
sions of polished rectangular parallelepiped specimens. This
result was confirmed by a density measurement using the
Archimedes principle. The porosity was estimated to be <1%
based on SEM micrographs.

(2) Resonant Frequency Spectrum

The first 70 resonant frequencies were measured for unidi-
rectional and 0%/90° laminates. Figure 3 shows an example of a
portion of the resonant frequency spectrum, 600-750 kHz, for
the unidirectional sample. The first 33 peaks were used to

(B)

Fig.1. Coordinate system for (A) unidirectional and (B) 0/90° laminated composites.
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Fig. 2. SEM micrographs of cross sections of (A) unidirectional and (B) 0%/90° crossply CAS/SiC composites.

deduce the elastic stiffness constants, C,; the remaining mea-
sured resonant frequencies were then used as an independent
check of the result, by comparing them with the calculated
frequencies of the “best-fit” constants.

(3) Elastic Stiffness Constant Determination

(A) Unidirectional CAS/SiC Composites: For the unidirec-
tional laminates, the measured resonant frequency spectrum
was fitted by imposing transversely isotropic and orthotropic
symmetries. For transversely isotropic symmetry, five indepen-
dent elastic constants exist: C,;, C;;, C,3, Cy, and Cy, (C, =
Ci» Cy3 = C3, Css = Cyy, and Cyy = (C,, — C2)/2. For a
material with orthotropic symmetry, these nine elastic constants
are independent. Table II lists the elastic constants deduced by
fitting the resonant spectrum by assuming either transversely
isotropic or orthotropic symmetry. Table III lists the first ten

measured resonant frequencies and the calculated frequencies
based on the two different symmetries.

{B) 0%90° Crossply Composites: For a 0°90° crossply
composite with an even number of 0° and 90° plies, the symme-
try must be tetragonal. A tetragonal system has six independent
elastic constants: C,,, Cy;, C,5, C,3, C,, and C,,. The elastic
constants of the 090° crossply composite material, deduced by
resonant spectrum fitting, are listed in Table IV.

IV. Discussion

(1) Elastic Constants

(A) Unidirectional Composites: For unidirectional compos-
ites, transversely isotropic symmetry in the plane perpendicular
to the fiber direction is generally accepted to be appropriate.

0.20 |~

0.15 |-

0.10 |-

Amplitude (Arb. Units)

0.05 -

0.00 2 1
600 650

700 750
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Fig. 3. Portion of the resonant frequency spectrum, 600-750 kHz, of a unidirectional CAS/SiC composite.

153



January 1997

Elastic Properties of Laminated CAS/SiC Composites Determined by Resonant Ultrasound Spectroscopy 145

Table II.  Elastic Stiffness Constants, C,, of Unidirectional CAS/SiC Composites with either Transversely Isotropic Symmetry or

Orthotropic Symmetry'

Elastic stiffness constant, C, (GPa) RMS! error
Symmen'y Cu c:z Cu Cn Cu Cu Cu Cao (%)
Transversely
isotropic 147.21(0.20) 147.21(0.20) 153.83(0.14) 50.36(0.24) 50.36(0.24) 53.30(0.51) 47.72(0.01)  47.72(001)  4695(0.04) 0.2572
Orthotropic ~ 146.50(0.06) 148.53 (0.07) 154.12(0.10) 50.49(0.28) 5043(0.52) 54.00(0.35) 48.20(<001) 47.17(<001) 46.86(0.01) 0.1869

*Value given in parentheses is the error (in %). ‘Root mean square.

Table IIL.  First Ten Measured and Calculated’ Frequencies of
Unidirectional CAS/SiC Composites

Frequency (kHz) fi-f Calculated frequency, f3-f
Mewued.f  Calculedst 7 ) frad 7®
472.97 470.92 -043 472.09 -0.19
625.71 624.48 -0.20 626.12 0.07
647.45 646.19 -0.20 648.09 0.10
654.59 657.53 0.42 655.37 0.09
725.18 721.14 -0.53 724.82 -0.05
759.29 758.92 -0.05 758.49 -0.10
791.89 789.03 -0.36 790.98 -0.12
818.76 822.90 0.51 820.22 0.18
850.12 848.79 -0.16 847.84 -0.27
859.96 858.07 -0.22 858.74 -0.14

"f#is the frequency calculated assuming the sample has transversely isotropic symmetry; f3 is the frequency calculated

assuming orthotropic symmetry.

Table IV. Elastic Stiffness Constants, C,;, of 0°/90° Crossply CAS/SiC Composites with Tetragonal Symmetry’

Elastic stiffness constant, C, (GPa)

RMS! error
CII C)l CIJ C/Z Cu Coo (%)
147.45 (0.11) 145.19 (0.28) 52.23 (0.39) 49.96 (0.88) 46.12(0.01) 46.35 (0.02) 0.4537

"Value given in parentheses is the error (in %). ‘Root mean square.

However, transverse anisotropy can occur if the fiber distribu-
tions in the principal directions of the /-axis and 2-axis are not
uniform. This could occur because of fiber rearrangement dur-
ing hot pressing. When this occurs, the symmetry of the material
would be orthotropic, and all nine elastic constants mentioned
above would be independent.

From Table II1, the calculated frequencies based on trans-
versely isotropic symmetry agree well with the measured val-
ues. The relative errors between the measured and calculated
resonant frequencies are <1% for all 70 measured peaks. In
fact, the root-mean-square (RMS) deviation of the fitting is as
low as 0.25%, and, to a good approximation, these materials can
be viewed as transversely isotropic. However, when orthotropic
symmetry is assumed for the fitting, the differences between
the measured and calculated resonant frequencies are smaller;
the RMS error is reduced to 0.19%. Thus, the unidirectional
CAS/SiC composite is not a perfectly transversely isotropic
material; a small anisotropy exists in the plane perpendicular to
the fiber direction. The in-plane anisotropy is clearly small,
and the data shown in Table II indicate that, for orthotropic
symmetry, C;; =~ Cp, C;; = Cy, Coy = Cy5, and Cy =
(C,; — C;5)/2. Thus, we will assume transversely isotropic
symmetry for the unidirectional CAS/SiC for the remainder of
the discussion.

Because the fibers are stiffer than the matrix and they are
packed along the direction of the 3-axis, C;; should be higher
than C;, and C,,. For the shear moduli, one would expect C,, =
Css = Cg, because Cy (= Cy),) represents the shear modulus
for a shear stress in the /-3 plane along the direction of the
l-axis or in the 2-3 plane along the direction of the 2-axis.
Thus, the main contribution to C, comes from the matrix,
because the fibers are parallel to the shear plane. The results in
Table II reveal that this is indeed the case. Previous studies
on boron—aluminum-metal-matrix composites reached a similar
conclusion.'® However, in the CAS/Nicalon SiC system, this
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effect is rather weak, because C,,, Cs;, and Cy are all quite
similar to each other, again indicating that the elastic anisotropy
of this composite is small.

(B) (0°/90° Crossply Composites: The 09/90° crossply com-
posite material has been assumed to possess tetragonal symme-
try. This approximation is based on the assumption that the
number of 0° and 90° plies are equal and that they have identical
thickness with the same fiber volume fraction. However, SEM
micrographs of the 0%90° crossply composite show that the ply
thicknesses along the 0° and 90° layers are not completely
uniform, which can, therefore, contribute to a variation in the
respective C,,. Indeed, the relative differences between the mea-
sured and calculated ultrasonic resonant frequencies are slightly
larger than those for the unidirectional material.

(2) Orientation Dependence of the Elastic Moduli

(A) Unidirectional Composites: Based on the C,; values,
the elastic compliance constants, §,;, can be calculated using
[C) [S] = {I], where [I] is a 6X6 unit matrix. The determina-
tion of S; is especially necessary if one wants to know the
elastic moduli as a function of fiber orientation, because the
orientation dependence of Young’s modulus and the shear mod-
ulus can be easily calculated from a proper transformation of
the compliance matrix S,,.'° The S, values for the unidirectional
and 07/90° CAS/SiC composite materials are listed in Table V.

Because the unidirectional CAS/SiC composite material is
transversely isotropic, the Young’s modulus along a transverse
direction, E, within the plane perpendicular to the fiber direc-
tion (-2 plane) is a constant: E; = E, = 1/S,, = 120.35 GPa,
which is similar to the value provided by Coming (E, =
117 GPa). .

When the tensile axis is confined within the /-3 plane, the
comresponding Young's modulus, as a function of orientation,
can be expressed by*'>"*
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=5, = §, sin* 6 + S;; cos* @

| —

+ %(ZS” + S,,) sin® 26 )

where 4 is the angle between the tensile axis and the 3-axis
(which also is the fiber direction). The orientation dependence
of Young’s modulus in the /-3 plane is plotted in Fig. 4(A).
When 8 = 0°, E = E, = 1/S;; = 128.53 GPa, which is the
Young’s modulus along the longitudinal or fiber direction, and
is consistent with that provided by Comning (see Table I) and
other results obtained from tensile'** and compressive tests.”

The Young’s moduli along the longitudinal and transverse
directions can also be estimated using

E=EV,+E, (1~ V) 3)
and

1V, 1V,

E,"EE, @

although Eq. (4) gives a lower-bound estimate of £;. Assuming
E, = 200 GPa, E,, = 97 GPa, and V; = 0.34, we obtain E, =
132.0 GPa and E; = 117.6 GPa, which are in good agreement
with our results deduced from the RUS measurements, although
the agreement of E. is probably due to the modest degree of
elastic mismatch.

Similarly, the shear modulus within the /-2 plane is a con-
stant independent of the shear-stress direction: G = 1/S., =
C,. = 47.72 GPa. When the shear plane is the /-3 plane, the
shear modulus is determined by"*

é =S, sin® 6 + S,, cos® 8 o)
where @is the angle between the shear stress axis and the 3-axis.
When 6= 0°,G = 1/S,, = C,, = 47.72 GPa, as expected; when
g =90° G = 1/S, = C4 = 46.95 GPa. The orientation
dependence of the shear modulus also is shown in Fig. 4(A).

From Fig. 4(A), the elastic anisotropy for the unidirectional
CAS/SiC composites is evidently weak. This could be justified
by the following factors: the fiber volume fraction is only mod-
erate; the magnitude of E, is only twice that of E,; and a
relatively stronger fiber—matrix interfacial bond exists in CAS/
SiC compared to lithium aluminosilicate/SiC (LAS/SiC), in
whichithe system transverse elastic modulus is significantly
lower.

(B) 0%90° Crossply Composites: For the 0°/90° laminated
CAS/SiC composites, the sample has tetragonal symmetry with
respect to the thickness direction, which is the direction of the
3-axis in Fig. 1(B). Following a similar approach to that dis-
cussed above and using the §; data of Table V, we plot the
orientation dependence of Young’s modulus for a tensile stress
within the /-3 plane. In this case, Eq. (2) also is valid, and §is
now defined as the angle between the lamina thickness direction
(3-axis) and the stress direction; the result is plotted in
Fig. 4(B). When the tensile direction is along the thickness
direction, the corresponding Young’s modulus, E;, is 117.44
GPa, whereas the longitudinal Young’s modulus along either
one of the fiber directions, E, = E, = E,, is 121.07 GPa.

The crossply material used in this study has an even number
of laminae laid on each other, with the fiber direction alternating
between 0° and 90° orientations, and double Q° (or 90°) layers
present in the center. Consequently, this is a symmetric lami-
nate. Assuming that the in-plane strains are identical in each
ply. one can calculate E, along the fiber direction of the 0790°
crossply composite using the elastic moduli of a single ply:*

. EY
'4-<] -+ E—g) —p*
E,=—————F} (6)

1 ENE;
-2

where Ef and E} are the longitudinal and transverse elastic
moduli, respectively, of a single ply. and v is its Poisson’s ratio.
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Assuming that the elastic moduli of a single ply are the same as
those for unidirectional laminates—i.e., Ef = 128.53 GPa,
ES = 120.36 GPa, and v = 0.25—E, is calculated to be 124.45
GPa, which is in good agreement with the value deduced from
our measurements. The expected order, E > E, > Ej, is
observed.

RUS measurements on the 0990° crossply composite provide
E, = 121.07 GPaand E; = 117.44 GPa, whereas for a unidirec-
tional laminated material, we have E, = 128.53 GPaand E, =
120.36 GPa. If the fiber volume fraction were the same for the
0° and 0%90° laminates, the transverse modulus E, (in the
laminate thickness direction) would be the same for both cases.
The small discrepancy between these two transverse elastic
moduli suggests a slightly smaller fiber volume fraction in the
0°90° laminated composite.

The E, value for the 0%90° crossply composite deduced from
our RUS measurements is ~9% larger than that provided by
Corning (Table I). Early work by Beyerle ez al.,” using mechan-
ical testing, showed that E, ~ 100 GPa, which was consistent
with the calculated results using a separated interface model.
However, a recent investigation by Cady er al.,”* again using
mechanical testing, resulted in E;, = 120 GPa, which is in good
agreement with our resuit. The different experimental results
might be due to sample processing variations. Also, the RUS
technique is a nondestructive evaluation technique, whereas
cracks may be initiated in the matrix during mechanical testing,
even at low stress levels, consequently changing the effective
elastic modulus.

The orientation dependence of the shear modulus in the /-3
plane for the 0%90° crossply composite can be calculated using
Eg. (5), as for unidirectional composites, and the result is plot-
ted in Fig. 4(B). The shear modulus for a shear stress in the /-2
plane is again independent of the shear stress direction, and
G = C,, = 46.12 GPa. From Fig. 4(B), we can conclude that the
elastic anisotropy for the 0790° crossply composite is further
reduced, compared to the unidirectional composites.

(3) Poisson’s Ratio

The Poisson’s ratio is an important property of a material in
mechanical design. If we apply a longitudinal stress along the
direction of the I-axis, the Poisson’s ratio v, is defined as
—¢,/€,, where €, is the longitudinal strain and ¢, is the strain in
the direction of the 2-axis, transverse to the direction of the
I-axis. The Poisson’s ratio v; can easily be calculated, using
the elastic stiffness constants S;:

Sy

v = -5 @)
The values of Poisson’s ratio for the unidirectional and 0790°
crossply composites are listed in Table V1. For unidirectional
composites, v; obtained from RUS is 0.235-0.282, whereas the
average value using Hill’s averaging scheme,” vy, is 0.260.
These values are in good agreement with those provided by
Coming. Because the direction of the 3-axis (the fiber direction)
is stiffer than the transverse direction, one can naturally expect
that vy, > v); = V3.

(4) Bulk Modulus

The volume compressibi_lity, k, of a material can be
expressed in terms of its elastic compliance constants, S;:*

‘ 1{aV
K = _";(5';) = S” + S:z + S_;_; + 2(S]2 + 525 -+ S”)
T

@®

The bulk modulus, X, is then 1/k. Thus, for unidirectional CAS/
SiC composites, K = 84.0 GPa, whereas for 0790° crossply
composite materials, K = 83.3 GPa.

V. Conclusions

We have demonstrated that the RUS technique is an efficient
method for determining all the independent elastic stiffness
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Fig.4. Orientation dependence of (—) Young's modulus and (- ~) shear modulus for (A) unidirectional and (B) 0790° crossply composite material.
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Table V. Elastic Compliance Coefficients, S, of Unidirectional’ and 07/90° Crossply Composite Materials

Elastic compliance coefficient, S, (107" m*/N)

SII SJJ sl! SII s‘l . s“
0° 0.8309 0.7780 -0.1954 —0.2340 2.0956 2.1299*
0%90° 0.8260 0.8515 ~0.2257 —0.1998 2.1683 2.1575

"Unidirectional calculation is based on transversely isotropic symmetry. 'S, = 2(S,, — ;).
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Table VI. Poisson’s Ratio for Unidirectional’ and 0%/90° Crossply Composite Materials

Poisson’s ratio, v;;

£

Vi . Vsz Yu Vo Vi Vis Vy
0° 0.2512 0.2512 0.2816 0.2352 0.2816 0.2352 0.260
0°90° 0.2651 0.2651 0.2419 0.2733 0.2419 0.2733 0.263

*For the unidirectional composites, the calculation was made based on transversely isotropic symmetry. *v,, is the average Poisson’s ratio, based on Hill's

averaging scheme.

constants of fiber-reinforced glass-ceramic-matrix composites
accurately. For a unidirectional CAS/Nicalon SiC composite,
the elastic stiffness constants have been deduced based on a
transversely isotropic symmetry and an orthotropic symmetry
assumption, whereas tetragonal symmetry has been used for
the 09/90° laminated composite. Our results indicate that the
unidirectional material is slightly orthotropic; however, because
the transverse anisotropy is small, the assumption that the mate-
rial is isotropic transverse to the fiber direction is a good one
for most applications.

The orientation dependence of Young’s modulus and the
shear modulus was calculated from the elastic compliance con-
stants. For the unidirectional composite, the longitudinal and
the transverse Young’s moduli were 128.53 and 120.35 GPa,
respectively. These values are in reasonable agreement with
those obtained from mechanical testing. Based on the RUS
measurements, the Young’s moduli along the fiber direction
and the laminate thickness direction of the 0%/90° crossply com-
posite were 121.07 and 117.44 GPa, respectively. These values
are slightly smaller than those calculated based on the elastic
moduli of a single ply and are slightly larger than those pro-
vided by Corning. The small discrepancy among these results
may be attributed to small variations of the fiber volume fractions.

For unidirectional and 0°/90° laminated composites, the shear
modulus and Poisson’s ratio show very little variation with
orientation. The results reveal that the elastic anisotropy for
unidirectional and 0%/90° laminated materials is small. This is
due to the fact that Young’s modulus of the fiber (E;) is only
twice that of the matrix (E,,) and the volume fraction of fiber
(V,) is moderate. If E, had been much larger than E,, and with a
much higher V}, one would have expected a much larger elastic
anisotropy in these materials. High transverse modulus also is
achieved by a relatively stronger fiber—matrix interfacial bond
in CAS/SiC, compared to LAS/SiC composites.*
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ABSTRACT

The mechanical properties of unidirectional Nicalon SiC fiber reinforced calcium
aluminosilicate (CAS/SiC) and magnesium aluminosilicate (MAS/SiC) glass-ceramic composites
have been investigated by tensile testing and a nondestructive laser-ultrasound technique. The
barium-stuffed MAS was either undoped or doped with 5% borosilicate glass. The degradation of
the elastic stiffness constant C); in the transverse direction due to interface damage was
monitored in-situ by measuring the laser-generated ultrasound wave velocity. The three
composite materials show distinctly different macroscopic deformation characteristics, which
are correlated strongly to the interface degradation. A stronger reduction trend of the elastic
constant C); is associated with a larger degree of inelastic deformation. Observations of the
fracture surfaces also reveal the close relation between fiber pullout length and interfacial
characteristics. Interfaces of these composites have been studied by TEM, and their influence on
inhibiting and deflecting matrix cracks is discussed.

INTRODUCTION

It is well known that the fiber/matrix interface has a profound influence on the
mechanical behavior of ceramic matrix composites (CMCs)." Since the failure strain of the
matrix is usually smaller than that of the fiber, matrix cracking occurs first under tensile loading.?
Matrix cracks run into nearby fibers and are deflected along the fiber/matrix interface if the
interface is relatively weak. CMCs exhibit nonlinear deformation behavior as a result of multiple
matrix cracking and interface debonding/sliding.*

Although the importance of the interface has long been recognized, little has been done to
investigate the interface damage in situ and correlate it to macroscopic deformation. In this study,
a laser-ultrasound technique has been applied to reveal the relation between interface degradation

. and axial deformation under uniaxial tension. Laser-generated ultrasound velocities in transverse

plane are measured at various stress (damage) levels. The transverse elastic stiffness can then be
determined from these measurements. The deterioration of transverse elastic stiffness due to
interface damage is reflected by the reduction of ultrasound velocity measured in the transverse
plane. Three Nicalon SiC fiber reinforced glass-ceramic matrix systems, calcium aluminosilicate
(CAS), barium-stuffed magnesium aluminosilicate (MAS) undoped or doped with 5%
borosilicate glass (BSG), are used in this investigation. BSG functions as a source of boron and
diffuses into the interface and fiber during hot consolidation, which affects the interfacial layer
formation.’ The degree of stiffness reduction in the transverse and axial directions will be studied
for the above CMCs. The important role of fiber/matrix interface on the macroScopic
deformation behavior will be discussed.




EXPERIMENTAL

Nicalon SiC fiber reinforced unidirectional CAS and MAS composite panels were
supplied by Coming Inc. The manufacturing procedure and material properties are described
elsewhere®’. The Nicalon SiC fiber volume fraction is about 0.35 ~ 0.4, and the average fiber
diameter is 15 pm. There is a carbon-rich interface formed during fabrication, which plays an
important role in the deformation of Nicalon fiber reinforced ceramics.'*3?

Tensile specimens were ~150 mm x 10 mm x 3 mm. Side surfaces of some samples were
polished before tensile testing in order to take acetate replicas of surface matrix cracks during
loading. Cross-head speed of 0.03 mm/min was used. Axial strain was measured with a one-inch
gauge length extensometer. Both continuous and loading/unloading tests'® were conducted for
each CMC system.

Detailed procedures for the laser-ultrasound test have been given previously.'® The laser
pulse from a Q-switch Nd:YAG laser with an operating wavelength of 1.064 um was delivered to
the sample under loading by an optical fiber with a 600 um core diameter.!' The laser beam was
coupled into one end of the optical fiber by a small convex lens, and the outcoming beam from
the fiber was focused onto to the sample by two convex lenses. A small portion of the laser pulse
was deflected onto a photodiode and used to trigger a pair of 8-bit, 1 GHz digital oscilloscopes.
The signals from two ultrasonic transducers were also connected to the oscilloscopes. These
signals were amplified and low pass filtered at 10 MHz. The arrival time of the ultrasound wave
was measured by observing the difference in time between the photodiode and the transducer
pulse. The systematic delay arising from the propagation of the laser pulse through the optical
system was measured and subtracted.

Thin sections parallel to the fiber direction were cut from as-received material,
mechanically polished to ~20 pm, and ion-milled. The fiber/matrix interface was then analyzed
by transmission electron microscopy (TEM).

RESULTS AND DISCUSSION

The stress-strain behavior of CAS/SiC, MASO/SiC, and MASS5/SiC composites are
shown in Fig. 1. MASO refers to undoped MAS and MASS refers to MAS doped with 5% BSG.
Axial Young’s modulus E is almost identical (~150 GPa) for MAS5/SiC and MASO0/SiC, and is
~ 130 GPa for CAS. Deformation beyond the linear elastic regime is quite different for the three
CMCs. CAS/SiC has a plateau region in the stress range of 200~270 MPa, and shows a
“stiffening” effect in the final deformation stage. MASO0/SiC deviates appreciably from linear
elastic behavior near 300 MPa, and deforms nonlinearly up to failure without a plateau regime,
while MASS5/SiC displays very little nonlinear deformation.

The above characteristics are closely correlated to their interfacial characteristics and
corresponding transverse stiffness degradation. The transverse elastic stiffness Cy; is directly

related to the ultrasound velocity by Cyy =p VE , where p is the density of the composite and V,
is the longitudinal velocity in the transverse direction. The change of C); as a function of applied
stress is illustrated in Fig. 2, where symbols are the experimental data from various tests, and
continuous lines are from curve fitting to show the general reduction trends. Among the three
Nicalon SiC reinforced glass-ceramics, CAS/SiC exhibits the largest degree of reduction of Cyy,
while MAS5/SiC shows the least reduction. The same order applies for axial nonlinear
deformation. A large amount of nonlinear deformation from 200 to 270 MPa for CAS/SiC is also
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associated with the rapid reduction of Cy; in this range, where the matrix cracking density
increases significantly.'’

Since matrix cracks are nearly parallel to the transverse direction, transverse stiffness is
insensitive to the presence of matrix cracks. The reduction of Cy, is attributed to the degradation
of interfacial adhesion as a result of the interaction between transverse matrix cracks and the
interface. Although MASS5/SiC shows little nonlinear deformation, matrix cracking is found from
surface replicas. Matrix cracking of MAS5/SiC at a stress level of 255 MPa is illustrated in Fig.
3. The absence of a reduction of C;; in MAS5/SiC indicates that interfacial damage in the form
of debonding/sliding is inhibited substantially in a strongly bonded interface system, and results
in negligible reduction of transverse elastic stiffness. The above observations demonstrate that, to
exhibit appreciable amount of nonlinear deformation, significant interfacial damage must occur
in addition to multiple matrix cracking. Strong fiber/matrix interface prohibits matrix crack
opening considerably and results in small inelastic strain. This observation also confirms that, as
pointed out by Kim et. al.'?, defining the initiation of matrix cracking from stress-strain curves
using the deviation point from the linear regime is inappropriate in CMCs. For CMCs where
multiple matrix cracking occurs, the beginning of macroscopic nonlinear deformation is a result
of damage accumulation due to interface debonding/sliding and consequent matrix crack
opening.

As expected, the fiber pull-out length after failure in MAS5/SiC is quite short compared
to that of MAS5/SiC and CAS/SiC. This is illustrated in Figs. 4 (a)-(c).

500 . . , . 200
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< 300} 1 @
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Fig. 1 Stress-strain curves for CAS/SiC, Fig. 2 Reduction of transverse elastic

MASO/SiC, and MASS5/SiC composites. stiffness C;; with the increase of stress.

Fig. 3 Optical micrograph of
surface replica of MAS5/SiC
revealing matrix cracking at 255
MPa.
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Fig. 4 Fracture surface of unidirectional
composites: (a) CAS/SiC; (b) MASO/SiC;
(c) MASS/SIC.

C), is seen to be quite low for as-processed MASO/SIiC (~100 GPa) compared to
MAS5/SiC (~175 GPa). Because the MAS matrix has a lower thermal expansion coefficient (~
2.6 x10°® K") than that of the fiber (4.O><106 K"),13 the fiber/matrix interface is under residual
tension after processing, which could result in local gaps at the interface. Whereas for
MASS/SIC, this gap is filled by reaction layers because of doping, and strong adhesion at the
interface is achieved. This is reflected by the higher value of C), in as-processed MASS5/SiC.
Transverse tensile testing also confirms that the transverse Young’s modulus Et of MASO/SiC is
much lower than that of MAS5/SiC."* However, the interfacial bonding has little effect on the
initial E; of MAS5 and MASO (before matrix cracking occurs). It is the interaction between
matrix cracking and the interface that determines the nonlinear deformation behavior.

TEM thin foil observations of MASS5/SiC and MASO/SIC reveal that a uniform
interaction layer formed in MASS compared to a slightly porous interfacial structure in MASO.
This is illustrated in Figs.S (a)-(b). Preliminary chemical analysis on MASS5/SiC by X-ray energy
dispersive spectroscopy (EDS) reveals there is barium segregation at fiber/matrix interface."’
XPS investigation on 7.5% doped MAS by Larsen er al. indicated that boron is present at
interfaces in the form of B,Os; and BN.? We have attempted to detect B or N on MASS5/SiC by
parallel energy loss spectroscopy (PEELS) but have so far been unsuccessful due to the low
concentration of B and N."” A stronger bond does form at fiber/matrix interface because of
doping in the MAS system, as revealed by laser-ultrasonic measurements and transverse tensile
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testing. More study is underway to characterize the chemistry and microstructure of the interface
in the MAS system.

3 - v v

Fig. 5 TEM bright field images of fiber/matrix interfacial region:(a) MAS5/SiC; (b)
MASO/SiC

CONCLUSIONS

Using a laser-ultrasonic technique, progressive interface damage has been monitored in
situ during uniaxial tension. A strong correlation between interface debonding/sliding and axial
nonlinear deformation is found. A strong reduction in the transverse elastic constant Cj; is
associated with large inelastic deformations. Among the three CMCs investigated, MASS5/SiC
shows little nonlinear deformation (as a result of doping), consistent with a negligible reduction
in the transverse stiffness and a short fiber pull-out length after failure. Results confirm that the
interaction between matrix cracking and the interface has a significant role on the nonlinear
deformation of CMCs. Strongly bonded fiber/matrix interfaces inhibit matrix crack opening and
result in little inelastic deformation in the axial direction.
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Effects of Off-Axis Loading on the Tensile Behavior of a

Ceramic-Matrix Composite
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A 0°/90° ceramic-matrix composite (CMC) comprised of
Nicalon fibers in magnesium aluminosilicate (MAS) has
been loaded in tension in three orientations relative to the
fiber direction: 0°, 30°, and 45°. The off-axis loaded samples
exhibit inelastic deformation at appreciably lower stresses
than samples loaded at 0°. Matrix cracking governs the
inelastic strains in all orientations. But, important differ-
ences in the morphologies and sequencing of the cracks
account for the differences in the stress levels. Off-axis fail-
ure also occurs at substantially lower stresses than on-axis
failure. On-axis composite failure is governed by fiber frac-
ture, but off-axis failure involves matrix-crack coalescence.
To facilitate interpretation and modeling of these behaviors,
the interface friction and debond stresses have been deter-
mined from hysteresis measurements.

1. Introduction

THE design of ceramic-matrix composite (CMC) components
capable of reliable operation is facilitated by devising
inelastic constitutive laws that can be implemented in finite-
element (FEM) schemes.'” For this development, a thorough
understanding of the stress/strain behavior in tension, compres-
sion, and shear is required.** The design requirements are exem-
plified (Fig. 1) by the performance of a mechanical attachment
between a CMC component and its support structure (typically
titanium or nickel alloys).” The loading through the attachment
produces multiaxial states of strain, with an associated strain
concentration.>® The inelastic deformation that occurs in
response to these strains redistributes the stresses and reduces
the stress concentration."** A capability for calculating this
stress concentration is an essential aspect of the design process.
A phenomenological deformation law has been devised and
implemented in the FEM code ABAQUS."” To complement
this and to support further developments, experimental results
are required on a range of CMCs, as well as diagnosis of the
mechanisms and their relation to constituent properties. The
intent of this study is to provide experimental information on
the deformation and failure characteristics of a silicon carbide/
magnesium aluminosilicate (SiC/MAS) composite.

The tensile behavior of CMCs on loading in the direction of
the fibers has been relatively well established.>"* This has led
to a methodology for characterizing the inelastic strains in
terms of the properties of the constituents and their interac-
tions.*¢!* These concepts have not yet been successfully
extended to off-axis or shear-loaded CMCs. The experiments
performed in this study emphasize these off-axis characteristics
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and provide insight into the associated nonlinear behavior as
well as the failure mechanisms.

1. Experimental Methods

(1) Basic Approach

CMC samples are subjected to on-axis and off-axis tensile
loading. The stress/strain behavior is measured with strain
gauges and a load cell. Acetate replicas give the matrix micro-
crack density at various loads. Birefringent film illustrates the
development of damage prior to failure, especially in the off-
axis loading samples. Optical examinations during the tests and
after failure give information about the failure mechanisms.
Grinding of the composite into a bilayer and then measuring
the resulting curvature provides a measure of the interply resid-
ual stress.!>1>1¢

(2) Material Description

The composite is a SiIC/MAS material (Corning Glass Works,
Coming, NY) that is comprised of Nicalon™ (Nippon Carbon,
Tokyo, Japan) (SiC) fibers 15 jum in diameter in 2 borosilicate-
doped cordierite matrix. The fibers are in a [0°%/90°],, crossply
arrangement with a ply thickness of 200 wm. The total thick-
ness of the CMC is 2.5 mm. The constituent properties (fibers
and matrix) are listed in Table I. The fibers are in residual
tension, and the matrix is in residual compression, induced
primarily by differential thermal expansion on cooling from the
processing temperature.

(3) Tensile Testing

Tensile samples were cut from a billet in three orientations,
with a width of 6.35 mm (Fig. 2). The cuts resulted in speci-
mens with three stacking sequences: [0%/90°],,, [£45°],,, and
[+30°/—60°],,. Fiberglass/epoxy tabs were laminated on each
end of the sample to provide a compliant layer for the test-
frame grips. A gauge section of 50 mm remained between the
grips. Multiple strain gauges attached to the center of each
sample in the orientations depicted in Fig. 3 gave information
about the elastic and inelastic deformation. The tensile-loaded
[0°/90°],, samples (Fig. 3(A)) had strain gauges oriented to
measure strain at three orientations to the applied load: 0°, 45°,
and 90°. The tensile-loaded [+45°],, samples (Fig. 3(B)) had
gauges oriented to measure strain in four orientations relative
to the applied load: 0°, 45° (parallel and perpendicular), and
90°. The tensile-loaded [+30°/—60°],, samples (Fig. 3(C)) had
gauges oriented to measure strain in four orientations relative
to the applied load: 0°, 30°, 60°, and 90°.

Tensile tests were performed with unload/reload cycles used
to establish the hysteresis. The loading was imposed by using a
servohydraulic test frame, at a displacement rate of 50 pum/min.

(4) Microscopy and Acetate Replication

Acetate teplicas provided in-situ measurement of matrix-
crack densities.>'? The displacement was fixed prior to an
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Fig. 1. Pin-loaded sub-element indicating the role of inelastic strain in stress redistribution. Plot shows o,, stresses, normalized by the net section
stress, calculated as a function of the distance from the hole.? Calculations shown are for two values of o, (33 and 165 MPa). Note that the peak
stress at the hole decreases appreciably as oy (i.e., the load) increases, because additional inelastic strain is activated. Also shown are experimental
measurements obtained by Moire interferometry,® at 6, = 170 MPa. Correspondence with the calculated stresses at a similar load (o = 165 MPa)
provides credence in the constitutive law.

unload/reload cycle. A small drop of acetone was placed onto

Table I Properties of Constituent Materials acetate in contact with the surface. The acetone dissolved the
Property Symbol Value acetate into the microcracks and then evaporated, allowing the

Fiber modulus (GPa) E, 200 acetate to resolid.ify. T}}e acetate was peeled off and adhered to
Fiber Poisson’s ratio® v, 0.19 a microscope slide with adhesive tape. The acetate replicas
Matrix modulus (GPa) E. 115 were viewed using optical microscopy.
Matrix Poisson’s ratio v, 0.25 After completion of the loading tests, the samples were sec-
Fiber volume fraction f 0.37 tioned and polished, lightly etched in hydrofluoric acid (HF),
Fiber thermal expansion (X10°K™") o, 49
Matrix thermal expansion (X10°K™) o, 24
Cooling range (K) AT 1000 T Load T Load ? Load
*Poisson’s ratio of SiC.»*

|
l 45°] 30°]

: 4 45°
44.5mm 459 60°
. 90°%.

;
A

900 900

00 % 00
(B)

Fig. 3. Orientation of strain gauges on the samples. Lines on the
samples represent the direction of the fibers in the top ply. Figures
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Fig. 2. Layout of samples cut from the as-received billet. Underlying depict the strain-gauge orientation for (A) on-axis loading ((0%/90°},,),
grid represents the fiber directions. Samples are cut at 0°, 30°, and 45° (B) 45° off-axis loading ([*45°],,), and (C) 30° off-axis loading
to the fibers. ([+30%/—-60°],).
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Fig. 4. Stress/strain curves for on-axis [0°/90°],, loading ((A) 0° strain (in the direction of applied stress) and (B) 45° strain).

and then viewed using optical microscopy. The saturation crack
density was determined in this manner. Some tests were
observed in situ using optical microscopy; the development of
matrix cracks also was monitored using optical microscopy.
Scanning electron microscopy (SEM) was used to examine the
samples after failure.

(5) Bilayer Residual Stress

Residual stress was measured from the curvature of a
bilayer.'*!5'¢ A sample with the fibers in the length direction
was cut into a long narrow strip. The strip was ground on a
surface grinder until the ply interface was reached. The sample
was then turned and ground until a bilayer 400 pm thick
remained. The bilayer spontaneously deformed to a uniform
curvature on removal from the holding fixture. This curvature
provided a direct measure of the interply residual stress
(Appendix A). Measurements for this CMC gave a radius of
curvature, p, of 0.54 m.

IIL. Stress/Strain Diagrams

(1) [0°/90°],, Tensile Loading

The stress/strain diagrams (Figs. 4-9) correspond to the
strain-gauge orientations shown in Fig. 3. The stress/0°-strain
diagram (Fig. 4(A)) is linear at stress levels up to ~125 MPa,
with modulus, E, of 130 GPa; thereafter, inelastic strain
develops. The ultimate tensile strength, S,, is ~400 MPa. The
saturation modulus just before failure, E,, is 75 GPa. The
stress/45°%-strain diagram (Fig. 4(B)) is similar to that at 0°
strain, although the strains are smaller. A typical unload/reload
cycle (Fig. 5) indicates that the unload strain is initially para-
bolic and then becomes linear. At ~50 MPa, the strains are
again parabolic, but with opposite curvature. Initial reloading
has essentially the same slope as the virgin composite. The
subsequent portions are parabolic and then linear.

The stress/90°-strain diagram, plotted on an expanded scale
(Fig. 6), indicates the initial contraction expected from the
Poisson effect.”’ But, at 45-50 MPa, a negative deviation from
linearity exists, and at ~130 MPa, an abrupt positive strain is
present. This behavior is similar to that found in silicon carbide/
calcium aluminosilicate (SiC/CAS)."" Removal of the load
leaves a positive, remnant strain (attaining 0.02% at the highest
loads). Hysteresis is not present in this orientation; only the first
cycle is shown, because subsequent cycles overlap the first.
Comparison of the initial portions of the stress/strain diagrams

for the three orientations (Fig. 7) reveals that a positive nonlin-
ear strain increment is present on all three strain gauges, indica-
tive of dilatation during matrix cracking.

(2) [+45°];, Tensile Loading

In the [+45°],, symmetric orientation, the onset of nonlinear
behavior occurs at lower stresses than for [0%/90°],, loading.

~ Moreover, the failure stresses are substantially lower (Fig. 8).

The stress/0°-strain diagram (Fig. 8(A)) is linear to ~115 MPa,
with a modulus, E,;, of 110 GPa. But thereafter, the tangent
modulus decreases dramatically. The material fails at 0.57%
strain and 140 MPa. The unload/reload cycle is similar in shape
to that for [0°/90°];, loading, but the hysteresis loops are sub-
stantially wider. In contrast to {0%/90°], loading, the 90° strain
is negative throughout (Fig. 8(D)) and hysteretic (again similar
to SiC/CAS™).

The stress/45°-strain diagrams (Figs. 8(B) and (C)) are simi-
lar to each other and to that at 0° strain, although the strains are
smaller. Hysteresis is present, and the stress/strain envelope
exhibits a small slope increase near failure. A small residual
strain perpendicular to the fibers exists, and the elastic modulus
is slightly smaller than that measured parallel to the fibers.
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Fig. 5. Unload/reload cycle for on-axis {0%/90°],, loading.
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Fig. 6. Stress/90° strain (perpendicular to the applied stress) for on-axis [0%/90°],, loading.

(3) [+30°/—60°],, Tensile Loading

The [+30°—60°],, tensile loading is not a balanced lami-
nate. Yet, the occurrence of nonlinearity and failure are similar
to the balanced samples. The stress/0°-strain diagram (Fig. 9(A))
is linear to stress levels of ~105 MPa with a modulus, E,, of

150

..‘I LI [ LI B B B § v 1 1 T I LONNLJNNL I I I ) LR o
s F ]
o 100 [ .
2 :
© C 3
" [ ]
2 C ]
= 50 .
n N J
- [0/90]ss ]
- Laminate +
0 00y ' A S W U Y W B A ' IR A

-0.05 0 0.05 0.1 0.15 0.2

Strain, € (%)

Fig.7. Comparison of the initial loading curves for the three gauge
orientations under on-axis [0°/90°],, loading.
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~120 GPa. Above this stress, a reduction in tangent modulus
exists. The stress at failure, 130 MPa, is even lower than that
measured in [*+45°],, loading. The unload/reload cycle is hys-
teretic and has parabolic and linear portions. The 30° strain in
the direction of the fibers (Fig. 9(C)) is zero during elastic
loading and becomes positive with the onset of nonlinearity;
the nonlinear strain also is the smallest in this orientation. The
60° strain (Fig. 9(B)) is positive and smaller than that at 0°
strain. The 90° strain (Fig. 9(D)) is similar to that at 30° strain,
but of opposite sign.

In summary, the strains vary with orientation. This variance
is in accordance with the following sequence: 0° large positive
strain, 60° intermediate positive strain, 90° small negative strain.

V.

Each sample was sectioned through the center to create a side
view and polished down several layers to reveal a front view in
the absence of surface effects. Optical micrographs of these
sectioned, polished, and etched samples (Fig. 10) display the
fully developed microcrack system. The dominant matrix cracks
were perpendicular to the tensile stress in the [0%/90°],, and
[+45°,, loading configurations (Figs. 10(A) and (B)), as in
SiC/CAS,* and slightly tilted in the [+30°%—60°],, configuration
(Fig. 10(C)).

Under [*45°);, tensile loading, other cracks became apparent
just before failure. These cracks extended along the fibers. They
were apparent on the front of the sample and extended into the
ply at the edge (Fig. 10(B)). A similar cracking mode (parallel to

Damage Mechanisms
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applied stress).

the fibers) was evident on the [-+30°%/—60°];, specimens. In this
case, the cracks were apparent substantially before failure and
exhibited stable propagation on increasing the load. After failure,
such cracks were visible along the fibers at the surface plies.

The implication of these observations is that, in addition to the
matrix cracks that form normal to the applied tensile load, matrix
debonds are present, which develop parallel to the fibers as
deformation continues beyond the “matrix-cracking” strain
(Fig. 11). The precise strain levels at which they originate have
yet to be ascertained, because the small opening displacements
impede imaging. The situation is comparable to the interface
debonds that form on 0° loading'’ and to matrix shear cracks in
SiC/carbon composites,'® which can only be imaged using high-
resolution methods.

V. Analysis and Interpretation

(1) Calibrations

The stress/strain behavior can be analyzed, in principle, by
using the formulas summarized in the Appendices. In practice,
preliminary calibration of the unknown constituent properties
is needed. Two such unknowns exist:

(1) The composite response is sensitive to the initial state
of the interfaces—bonded or unbonded—because the thermal
expansion of the matrix is less than that for the fibers (Table I).

The bonding state is reflected in the magnitude of the transverse
Young’s modulus, E,." The formulas must be iterated with the
experimental data to establish £,. When the relevant E has been
established, it can be used explicitly in all the subsequent analy-
ses and interpretations.

(2) Independent information about the cooling range, AT, is
not available. Initially, it is assumed to be the difference between
the ambient and consolidation temperatures, ~1000°C for this
composite."’ Then, the calculations of the residual stresses are
iterated with the measurements until a reasonable and consistent
interpretation is achieved. The same AT value is used for all
subsequent calculations.

(2) Initial Properties

The elastic moduli and the residual stresses calculated from
the formulas, on using the data from Table I, are presented
in Table II. The composite modulus calculated for an attached
interface' (E = 140 GPa) appreciably exceeds the measured
value (E = 130 GPa). This infers that the residual tensile stress at
the fiber/matrix interface (Table IT) partially debonds the fibers.
This is affirmed by the calculated modulus for a fully separated
interface'® (E = 105 GPa), which underestimates the measured
value. Thus, E is inferred from the measured composite moduius
to be 100 GPa; this value is used for all further analyses.

The mismatch in the thermal expansion coefficients (Table I)
indicates that the interply residual stresses, o, are tensile in the
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Fig. 9. Stress/strain curves for 60° off-axis [+30%—60°],, loading ((A) 0° strain in the direction of applied stress, (B) 60° strain perpendicular to
the direction of fibers of the surface ply, (C) 30° strain in the direction of the fibers of the surface ply, and (D) 90° strain perpendicular to the
applied stress).
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Fig. 10. Optical micrographs of matrix cracks and debonds; width of field is 400 wm. Samples are polished to show a front view (micrographs on
left-hand side) and sectioned to show a side view (micrographs on right-hand side). (A) On-axis loading produces microcracks perpendicular to the
fibers in the longitudinal plies. (B) 45° off-axis loading produces microcracks perpendicular to the applied load; the side view displays the complexity
of the microcrack systems. (C) 30° off-axis loading produces a microcrack system that is tilted relative to the applied load; this corresponds to the
loss of symmetry of the load relative to the fibers.
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Matrix/Interface
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Fig. 11. Matrix cracks develop perpendicular to the applied stress.
As the stress is increased, the fibers debond and pull out. At higher
stress, cracks develop along the fibers, leading to ultimate failure with
delamination between the plies.

fiber direction and compressive in the transverse direction. The
o, value calculated from the thermal expansion mismatch® by
using the above value of E, with Eq. (A-7) and on requiring
AT = 1000°C is 38 MPa. The measured o, value obtained from
Eqg. (A-9) by using the bilayer curvature (and the inferred E;) is
35 MPa. This consistency provides credence in AT, as well as
affirming the magnitudes of each of the initial properties needed
to calculate .

(3) Inelastic Strains

(A) [0°90°];, Tensile Loading: The first appearance of non-
linearity, evident in the 90° stress/strain curve (Fig. 6) at ~50
MPa, coincides with the load at which the net stress in the
transverse plies (residual compression pius applied tension)
becomes tensile. However, appreciable inelastic strain does not
initiate until matrix cracks penetrate the longitudinal plies, at
125-140 MPa. At this stage, debonding occurs along the fiber/
matrix interfaces, accompanied by friction.3*'* The positive 90°
strain that originates at this load (Fig. 4) suggests that debond-
ing relieves the residual radial tensile stress at the interface,
causing the matrix to expand. Additional expansion may then
occur because of displacements caused by asperities on the
slipping surfaces. The hysteresis (Fig. 5) is the result of sliding
at the fiber/matrix interface, in accordance with the following
sequence:5™*

(1) On initial unloading, reverse slip commences, accom-
panied by nonlinear strains; when this slip reaches the debond,
the unloading curve becomes linear, and a state of steady-state
sliding prevails.
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(2) At ~70 MPa, the residual compression in the matrix
begins to close the cracks; further slip is suppressed, and a
diminished compliance ensues.

(3) During reloading, the matrix cracks are still initially
closed, and the compliance is similar to that of the virgin
composite; as the reload stress increases, the cracks open and
the behavior then mirrors that on unloading—comprising non-
linear slip-zone evolution, followed by steady-state slip.

These features may be used to evaluate the debond and
friction parameters that characterize the inelastic strains. The
procedure involves determination of the tangent compliances
from the hysteresis strains.*'* These compliances have three
principal characteristics (Fig. 12):

(1) The plateau compliance, I, equal to 1/E,; this compli-
ance depends on the fiber/matrix interface friction, 7, the crack
spacing, 4, and the fiber pullout length below the crack satura-
tion stress, o,. At stresses exceeding o, these parameters are
constant and are equal to 0.5fE; in the crossply arrangement.

(2) The transition stress, ,, at the onset of steady-state
slip; this stress relates to the debond stress, o;, needed to propa-
gate the crack at the fiber/matrix interface.

(3) The slope, L, of the variable-slip region; this is related
to the debond stress and the debond length.

These characteristics are better defined on reloading than
on unloading (Fig. 13), as in other CMCs!'*?' (although the
characteristic behavior is partially obscured in this CMC by the
early onset of matrix-crack closure). The subsequent interpreta-
tion uses these compliance parameters. The results are aug-
mented by estimations of the debond length, /, using an
approach developed in Appendix B. The parameters obtained
by these procedures are summarized in Table III.

The progression of the plateau compliance, /,, with stress
(Fig. 13) suggests that matrix cracks continue to evolve in the
(0°-strain plies at stresses up to ~340 MPa, with crack saturation
prevailing at higher stresses. This is affirmed by the trends in
the debond fraction, 2//d (Fig. 14). It also is consistent with
the tangent modulus above this stress having the saturation
magnitude.

The product of the friction stress, T, and the crack spacing, d
(td), has been independently obtained from three
measurements:**2"-* (i) the slope of the reload compliance with
stress, (ii) the plateau compliance, and (iii) the width of the
hysteresis loop. Such measurements reveal that Td approaches
~350 N/m as the matrix cracks saturate. With the saturation
crack spacing, d, being ~70 pm (Table III), the value of 7
becomes ~5 MPa. Such a small value of 7 is consistent with
the state of residual tension normal to the interfaces, which
causes asperity contact to be the only source of frictional
resistance.”

The transition stresses, o,,, (Fig. 12) obtained from the com-
pliances indicate that the debond stress, o;, changes, ranging
from ~170 to ~260 MPa, as the load increases. This is similar
to the behavior found for SiC/SiC* and SiC/A1,0,.%

Table II. Calculated Properties

Property Symbol Value

Longitudinal modulus (GPa) E, 147
Poisson’s ratio vy 0.21
Transverse modulus (GPa)

Separated interface E; 60

Bonded interface E, 135
Composite modulus (GPa)

Separated interface E 105

Bonded interface E 125
Longitudinal thermal expansion coefficient (K™*) o, 36
Transverse thermal expansion coefficient (K™')

Separated interface ar 3.0

Bonded interface or 24
Interface residual stress (MPa) of 138
Ply-level residual stress (MPa) or 35
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Fig. 12. Schematic of the expected trends in the unload and reload tangent compliances in the absence of matrix-crack closure.'

(B) [*45°];, and [+30°/—60°];, Tensile Loading: The
present results affirm major differences between [0°/90°],, load-
ing and [£45°];, and [+30%—60°];, loadings in CMCs:*"
(i) the stresses needed to develop appreciable inelastic strains
are smaller for [+45°],, and {+30°/—60°],, loadings than for
[0°/90°],, loading; (ii) minimal strain hardening exists in these
off-axis orientations, but appreciable hardening is present for
[0°/90°],, on-axis orientations; and (iii) the transverse strains
for [£45°),, and [+30°/—60°),, loadings are negative (Pois-
son’s ratio, v, of ~0.4), but they are essentially zero for
[0°/90°],, loading strains.

These characteristics cannot be explained by the [0°/90°];,
cell models,® in which debonding and slip are confined to the
fiber/matrix interfaces. These models predict that debonding
and slip become increasingly difficult as the loading axis devi-
ates from 0°. Such characteristics are opposite to those found
experimentally. This paradox might be resolved by a model
that allows matrix debonds to evolve parallel to the fibers, as
proposed in Fig. 11. These debonds facilitate frictional slip and
allow appreciable inelastic strains to occur. They also enhance
the matrix-crack opening and thereby diminish the stress
needed for steady-state propagation. A model based on these
notions is presented in a separate article.”

The large reduction in the saturation modulus, E, (relative to
that for [0°/90°],, loading), might be rationalized through an
analysis presented in Appendix C. Beyond saturation, all of the
load is supported by the fibers, in accordance with the simple
spring configuration depicted in Fig. 15. The role of the matrix
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is to resist the rotation of the fibers toward the loading axis.
This is achieved by exerting compressive forces normal to the
load. This model predicts Eq. (C-9):

E, = 0.5fE/(cos* & + sin* ¢)

The predicted values are E, = 18.5 GPa, at 45°, and 23 GPa,
at 30°, compared to the measured values of 18.8 and 18.5
GPa, respectively.

VI. Conclusion

On-axis and off-axis tensile loadings of a SiC (Nicalon)/
MAS CMC have been used to elucidate inelastic deformation
and failure mechanisms, especially on off-axis loading. Imple-
mentation of an on-axis cell model has allowed determination
of interface debond and friction parameters. These parameters
govern the inelastic strain and the unload/reload hysteresis.

The corresponding off-axis phenomena are qualitatively sim-
ilar but occur at appreciably lower stresses. These effects are
not explicable by the on-axis cell models. The present experi-
ments, augmented by some simple models, suggest directions
for further modeling that may lead to a rational characterization
of the inelastic off-axis behavior.

APPENDIX A
Thermoelastic Properties

The elastic moduli of a ply in longitudinal tension, E&, and
transverse tension, E, are well-established quantities.’*? They
are related to the constituent moduli by'9?°
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Fig. 13. (A) Inverse tangent modulus against unload stress for the on-axis cycles. Initial unload from high stress is linear as reverse slip develops.
Slope is related to the interface friction stress; the plateau is the region of steady-state slip. As the stress is reduced, the matrix cracks close and the
curve is again linear. (B) Inverse tangent modulus against reload stress for the on-axis cycles. Initial reload has a modulus similar to that of the
virgin composite; the plateau designates steady-state slip. When the stress is sufficiently high to propagate the debond interface, the curve

increases dramatically.

Table III. Constituent “Damage” Parameters

Property Symbol Value
21
Debond fraction* d
Saturation crack spacing (wm) d; 70
Fiber sliding stress (MPa) T 5
*Evolves with load, Fig. 14.
1 O
o @]
ke)
§ 08|
s (o]
= 06 0
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?
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Peak Stress, ©p (MPa)

Fig. 14. Fiber debond fraction as a function of the peak stress.
Debond fraction is calculated from the inverse tangent modulus during
steady-state slip. At the matrix-cracking stress (130 MPa), debonds
develop rapidly. As the stress increases, the debond fraction approaches
unity. Curve shape dictates the inelastic strain evolution.

E, =bef+ (1~ f)E,

E. = (1 + 20f)E,
r (1 —mf,)

The fibers and matrix are referenced as f and m, respectively,
with f, being the fiber volume fraction in the ply. For an
attached interface,

(A-1)

(A-2)

_(EJE,) =1
"= EJE,) +2 (A-3)
For a separated interface, n = 0. These moduli are related to
that of a 0°/90° crossply material by*

E +E,

E=EIE) - vi

(A-4)

The thermal expansion coefficient difference between the
fibers and matrix typically causes residual stress at the ply
level. These stresses are governed by the thermal expansion
anisotropy of each ply: «, in the longitudinal direction and oy
in the transverse direction. These thermal expansions are, in
turn, related to those of the fiber, o/, and matrix, «,,, by

)
E,

L m

(A-5)

and

ar=1—fa, +fbaf+ (o, ~ af)Hﬁ:

(A-6a)
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Crack Opening

Fig. 15. Spring configuration used to model the off-axis compliance
beyond matrix-crack saturation. .
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with v being the Poisson’s ratio of the fiber and matrix
(assumed to be the same).

The thermal expansion anisotropy (a; — «,) governs the
axial residual stress in the 90° plies, 0%, in accordance with®
o, = (a; — o )ATE,E;

" 2E
_fole, = o)I(E/E) — 1 + HIATEE,
2F

where AT is the temperature change from processing to ambient
conditions. The stress in the 0°-strain plies has the same magni-
tude but opposite sign when the plies have equal thickness.

The residual stress is experimentally determined from the
radius of curvature, p, of a bilayer. For a bilayer with equal ply
thickness, 4, in each layer, the neutral axis shifts into the stiffer
material by an amount a:'¢

a _ 1 — (E./E)
h 2[1 + (E//E})]

The residual stress is then

_Eh[ 3a . (a¥]  EhR[ 3a _fa}
GR—31[1+h+3(h)]+311 h+3h

(A-9)

H= (A-6b)

(A-7)

(A-8)

APPENDIX B
Debond Length

The debond length can be derived from the strains in the
following manner. The total strain of the composite is given by
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the weighted sum of the average fiber strain in the debonded
portion, €9, and the elastic strain, £°, in the intact portion:

A B-1
[ d €. d) ( ')

where the bar refers to the average value, and the ratio 2//d is
the fraction of debonded material. During reloading, the aver-
age stress in the fibers in the debonded section, on steady-state
slip, is

— Ao, 7l

0. = T R (B'2)
where X is the stress-partitioning factor for the 0° strain plies,
typically 1.5-2.% The corresponding result during unloading is
— Ao, 7l

ol

f 'R

The strains on reloading in the steady-state slip (linear) region,
thus. are

(.t N2 ol 2
E:::/Io:nd’_( f R U/)Efd+ E (1 d) (B_4)

and strains during unloading are

(B-3)

et 2 o, 2
€. untosd = ( f + R of)E/d + E (] d) (B'S)

where o§is the residual stress in the fibers. Subtraction of these
strains to obtain the loop width A€ ar the same stress cancels all
terms except that containing the friction stress:

471?
Ae = I_EE;Z (B-6)
This result can be used to estimate 21/d from the hysteresis loop
width when d is known.

APPENDIX C
Off-Axis Saturation Modulus

When the matrix cracks have attained their saturation density,
steady-state frictional slip occurs at the interfaces. All of the
subsequent increase in load is borne by the fibers. Hence, for
on-axis loading of a single ply, the saturation tangent modulus,
E,is

E =fE, (C-1)

The analogous situation for off-axis loading is simulated by the
spring configuration depicted in Fig. 15. The diagonal springs
each represent a unit cell comprising a fiber encompassed by
matrix having a saturation density of cracks and with dimen-
sions that ensure the correct fiber volume fraction, f. One spring
is representative of fibers in the 0°-strain orientation, and the
other is representative of fibers in the 90°-strain orientation.
The horizontal springs represent the intact matrix between the
cracks. This matrix restricts the rotation of the fibers on off-axis
loading and allows them to remain essentially straight. The
composite consists of many such spring configurations.

The spring constants are found by noting that a load applied
along one fiber direction causes a linear deformation with elas-
tic modulus given by Eq. (C-1), such that the fiber stress, oy,
and strain, €, are related by

o, =¢E; C-2)
Force equilibrium at area A requires that
F,=F,cos¢ (C-3)

where F, is the force acting along the diagonal spring, F, the
force associated with the applied load, and ¢ the angle indicated
in Fig. 15. The cross-sectional areas A and A” are related by
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A'=Acosd (C-4) A. G. Evans, J.-M. Domergue, and E. Vagaggini, “Methodology for Relating
the Tensile Constitutive Behavior of Ceramic-Matrix Composites to Constituent

The stresses (o = F/A) are, thus, related by Properties,” J. Am. Ceram. Soc., 77 [6] 1425-35 (1994).
5M. Y. He, B. X. Wu, A. G. Evans, and J. W. Hutchinson, “Inelastic Strains
o, = fO' 5 cos? ¢ (C-5) Caused by Matrix Cracking in Fiber-Reinforced Composites,” Mech. Mater., 18,

During steady-state slip, the matrix experiences almost con-
stant load, such that the strain perpendicular to the load is
essentially zero. On uniaxial straining in the direction of the
applied load, £;and €, are related by

- _&
8= Cos’ b
Combining the results for the stresses (Eq. (C-5)) and strains

(Eq. (C-6)) with Eq. (C-1), the contribution to the modulus
from the 0°-strain fibers becomes

(C-6)

E,,=fE;cos*d €7
The corresponding result for the 90°-strain fibers is

E, o =fE;sin* ¢ (C-8)
The final result for the composite is

E, = 0.5fE(cos* $ + sin* ¢) -9
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ABSTRACT

A model for the behavior of unidirectional fiber reinforced ceramic matrix materials with weak
interfaces is used to simulate the stochastic failure process leading to ultimate stress and the
transition to pullout controlled extension. Brittle cracking of the matrix is assumed to limit the axial
load sustained by the matrix, does not damage the fibers, but allows the matrix to retain shear
stiffness. Fiber element fracture nuclei consistent with a Weibull distribution of strengths fail
stochastically with increasing load. Fiber-matrix load transfer at fiber failure sites is governed by
uniform shear strength representing frictional constraint at unbonded interfaces. The results prior
to peak load are shown to be consistent with sparse fiber-damage with modest stress
concentrations on neighboring fibers. Localization is shown to dominate the post peak pullout.

KEYWORDS
Ceramic matrix composites, stress-strain, rupture, simulation.

INTRODUCTION

The strength and toughness of ceramic matrix composites (CMCs) exhibit a strong dependence
upon the mechanical properties of the fiber-matrix interface. The interface properties must be
tailored to control the fracture of fibers and load transfer near flaws (Evans and Zok, 1994).
Damage in the composite commences with flaws within the matrix, since the failure strain of the
matrix is usually much less than that of the reinforcing fibers. Under tensile loads, the matrix
develops cracks which propagate across the composite and which may cause the fibers to fail if the
interface is too strong. For intact fibers to survive and bridge the matrix cracks, the interface
debond energy must be sufficiently low to prevent matrix cracks from penetrating the fibers.
Furthermore, to avoid brittle failure of the composite, upon matrix cracking, it is desirable for the
matrix fracture strength to be lower than the stress which will fail the majority of the fibers. After
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matrix cracking, the strength of the interface shear strength 1. The interfacial shear stress which
develops at debonded interfaces governs load transfer between the fibers and the matrix, with low 1
leading to gradual load transfers (over a length L1) and low stress concentrations in neighboring
fibers. When Lt is much less than the gauge length of the composite, multiple fiber failures are
expected at high stress along the length of the composite and its strength is governed by the
weakest link in a chain of fiber bundles (of length L) simultaneously supporting the composite
load (Curtin, 1991). Higher t diminishes the load transfer length at fiber failures and increases the
stress concentration in neighboring fibers.

SIMULATIONS OF RUPTURE

Calculations are carried out for composites with arrays of fibers which experience fracture in a
stochastic manner. Displacement control is used to impose strain on the composite by
specification of a uniform x-displacement of each fiber at the end planes of a model as shown in
Fig. 1. Fibers having slip zones protruding through the end of the model are omitted from the
displacement control process. The model is stretched until significant damage has occurred and the
ultimate strength has been established. Calculations were carried out with 11x11 arrays of 121
fibers with 12 elements representing each fiber.

Effective Medium
fills space: 1D fiber springs
lie along edges

aZ
nodes

ay
Fig. 1 The finite element model for the simulations.

The finite element program used is a special version of the Binary Model code (Cox et al., 1994;
Xu et al., 1995; McGlockton, et al., 1996) developed to simulate the behavior of unidirectional
fiber reinforced ceramic matrix composites subjected to strain parallel to the fibers. The finite
element nodes coincide with the fibers so that there are Ny fiber elements along the length of the
cuboid. The fiber elements are 1-dimensional units between the nodes and prior to failure are
simple uniaxial elastic springs. Their spring constant is chosen to represent a fiber with a finite
cross-section; i.e. EftR2/ay where Es is the fiber modulus, R is the fiber radius and ay is the fiber
element length. Upon fiber failure, the fiber segment stiffness is eliminated from the finite element
model.
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The space among the nodes is filled with cuboidal effective medium elements which have 8 nodes
per element. The purpose of these elements is to simulate the phenomena not represented by the
fiber elements. Thus they represent the matrix properties in the longitudinal direction. The
effective medium elements have zero stiffness in the longitudinal and transverse directions to
represent a matrix cracked at the outset of the computation. The shear moduli of the effective
medium elements, Gxy and Gy, are both equal to E/2(1+n) with E =400 GPa and v=10.22. The
shear moduli are therefore 164 GPa. Similarly, the fiber modulus Ef = E = 400 GPa. These values
are representative of alumina/alumina composites. Only the axial displacements are relevant and are
decoupled from the transverse displacements by the effective medium properties. Efficiency is
gained by tailoring the computer program to calculate them only and not the transverse
displacement.

The fiber elements are given strengths according to a random number procedure, and are consistent
with a Weibull model given by

P(S¢) = 1—exp|:—i—x[—si)m} (D

OGO

where P is the probability -of survival of an element of length ay subject to a fiber stress Sy. The
Weibull parameters for the strength statistics are chosen as s, = 1.5 GPa and L, = 25 mm with m
chosen to be 2 or 10. The interface shear strength between matrix and fibers is taken to be 20 MPa,
low but within the range found in CMCs.

When the axial fiber load first exceeds the strength of a particular element, that element fails and
the program simulates the debonded, slipping fiber elements on either side of the break. Since the
stress in the broken fiber element and the slipping fiber elements will no longer change as the strain
is increased, these elements are eliminated from the finite element model (i.e. their stiffness
contributions are removed). The effect of the missing fiber segments on the matrix and on the
remaining adjacent fiber segments is then introduced by the imposition of equivalent nodal forces
to represent the traction T of the fiber acting on the matrix and the presence of the stressed fiber
termination at the end of the missing zone of elements. These forces are transmitted to the
remaining intact fibers by the shear stiffness of the effective medium elements, simulating the role
of the matrix.

As a slip zone grows due to increasing strain, further fiber elements are removed and additional
nodal forces are added. If a slip zone shrinks, the procedure is reversed. If a slip zone is calculated
to project beyond the end of the model at any time, it is introduced in a periodic fashion into the
other end of the model. In this way, a periodic system in the x-direction is simulated. In some
cases, the slip zones of 2 nearby breaks in a single fiber can meet each other either through growth
or when a new break occurs just outside the slip zone of a previous break. In this case, the fiber
segments of both slip zones are removed and replaced with equivalent nodal forces pointing away
from the break to which they are nearest, since the intersection of the slip zones will be half way
between the 2 cracks.

Until all of the fibers in the model have broken, it is possible for increasing strain to elevate the
load in an intact fiber element. However, the equilibrium load on a plane cut through the model can
no longer increase when all of the fibers have broken and the slip lengths from fiber breaks in all
fibers overlap on that plane. This condition is used in the finite element model to determine when




pullout is possible and to determine the location of the cross-section which supports the lowest
load. The latter cross-section will become the fracture plane for ultimate failure.

During failure of the composite, fiber breaks move past the location of effective medium element
nodes, reducing the load on the effective medium nodes. As fiber pullout occurs, the axial load on
the finite element model will therefore generally diminish and the lengths of slip zones at fiber
breaks diminish in concert. However it is assumed for simplicity that this is accomplished without
the formation of reverse slip zones (McMeeking and Evans, 1990). Instead, the length of the slip
zone is simply reduced to the value it had after monotonic loading to the current stress level. Any
potential effects of load cycling are ignored. In the pullout zone, this simple approach is probably
correct because reverse slip will usually be overcome by the pullout process. Hysteresis associated
with reversal effects at breaks not in the pullout zone are believed to have a negligible effect on the
overall composite behavior.

Pullout is ultimately achieved in the code after a plane with all fibers slipping across it has been
created due to all fiber failing. This cross-section is assumed to be a matrix crack which opens to
form the ultimate failure plane and therefore transmits no axial or shear tractions between the
pieces of the finite element model on either side of the failure plane. When a fiber end has passed
this plane, it is considered to have pulled out and is no longer connecting together the two pieces of
the finite element model. Failure will finally occur when all fibers have pulled out.

Increments of the imposed strain are chosen to produce an increment for the composite which
causes the failure of no more than 1 fiber element during that strain increment. After each
increment of the strain, the code uses the new stresses in the fiber elements to update the slip
zones of all broken elements and then seeks the fiber element which has exceeded its strength by
the largest margin. A new break and slip zones are created in this location. The finite element
equations are solved again without any increase in the applied load or strain. The process is
repeated of seeking the fiber element which has a stress exceeding its strength by the greatest
amount. This fiber element is failed and new slip zones for it created. The finite element equations
are re-solved and the procedure repeated again without increase of applied load or strain. This
sequence of load redistributions from fiber breaks and re-solution of the equations continues until
no more fiber elements are overstressed compared to strength. Only then is the applied load or
strain increased to cause more breaks.

RESULTS

A simulated stress-strain curve for a composite material with T = 20 MPa, a fiber volume fraction f
of 0.3 and a fiber strength distribution consistent with a Weibull modulus m = 2 is shown in Fig. 2.
The fiber elements therefore have a wide distribution of strengths. The stress S in Fig. 2 is defined
as the total load applied to the material divided by the composite cross-sectional area. The strain e
is defined to be the difference between the end plane axial displacements (imposed as boundary
conditions) divided by the length of the model. The response is at first linear with composite
Young's modulus equal to fE, as expected for a material with a strengthless matrix. The first fiber
fracture occurs at € = 0.14%. Above a strain of 0.14%, fiber segments break randomly. The
fraction of fibers which have at least 1 break is marked at various strains in Fig. 2. Even when 40%
of the fibers are broken, there is little effect on the elastic stiffness of the composite. However, at
strains greater than 1%, fiber damage accumulates rapidly and ultimate strength is reached at about
1.3% strain when 64% of the fibers have breaks. The ultimate strength is 1.1 GPa.
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Fig. 2 Simulated stress-strain curve for a material with fibers having a low Weibull modulus.

It is only beyond ultimate strength that the failure of one fiber segment causes a nearby neighbor to
fail without any increase required in the imposed strain. Even then, this effect is limited to no more
than 2 consequent failures before the strain has to be increased again to cause more fractures.
However, the 2 occasions upon which this clustering of breaks occurs at strains of about 1.3% and
1.8% are significant. They lead to steep falls in the stress, in the composite, as can be seen in
Fig. 2.

Finally the last break occurs at 2.2% strain and the calculation is terminated then. After the last
break has occurred, deformation localizes near a single layer of elements and is accommodated by
fiber pullout. This occurs while the nominal strain in the model increases to about 15% and the
stress gradually declines as dictated by the friction stress at the fiber-matrix interface. The last
process is omitted because of the lengthy computation required for a phenomenon which can be
understood instead with a simple model of broken fibers pulling out of the matrix and being
resisted by friction.

The stress-strain curve shown in Fig. 2 is quite similar to that expected from the global load sharing
mode] of Curtin (1991), which is also plotted on Fig. 2. However, the global load sharing model
gives an ultimate strength of 970 MPa and a strain at ultimate strength of 1.08%. It can be seen in
Fig. 3 that the computational simulation is stronger and tougher than the prediction of the global
load sharing model.

A simulated stress-strain curve for a composite with T=20 MPa, a volume fraction f=0.3 and a
fiber strength distribution consistent with a Weibull modulus m = 10 is shown in Fig. 3. The fiber
elements therefore have a narrow distribution of strengths. In this case, the response is essentially




linear with an abrupt brittle transition to failure at a relatively low strain and stress. The first fiber
break occurs at 0.33% strain. Ultimate strength is reached when only 14% of the fibers have one
break or more and occurs at a strain of only 0.46%. The narrow strength distribution in the fiber
elements means that many become overstressed together even though the stress concentrations are
very modest. Initially, 3 to 4 neighbors become overstressed starting at about 0.45% strain.
However, very quickly up to about 30 fibers at a time are overstressed when a single break occurs
and the stress drops very rapidly for extremely small increments of strain. When the last break
occurs, the composite stress is quite modest.
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Fig. 3 Simulated stress-strain curve for a material with fibers having a high Weibull modulus.
DISCUSSION

The 2 simulated stress-strain curves contrast the effect of the strength distribution within the
fibers for a narrow and a wide spread. Other parameters such as the interface shear strength were
not varied. However, the strong effect of the Weibull modulus causes a transition from a fairly
ductile failure when m =2 with good energy dissipation to a brittle response when m = 10. The
wide distributions of strengths within the fibers can therefore provide damage tolerance in a CMC.
Other aspects of the influence of material parameters are discussed more fully in by McGlockton
etal., (1996).
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Application of Weakest-Link Fracture Statistics to
Fiber-Reinforced Ceramic-Matrix Composites

John C. McNulty” and Frank W. Zok’

Materials Department, University of California, Santa Barbara, California 93106

The strength and reliability of fiber-reinforced ceramic-
matrix composites (CMCs) are dependent on whether con-
ditions of local or global load sharing prevail. Global load
sharing is promoted by a low interfacial sliding stress and is
manifested in a zero-tangent modulus at the point of tensile
failure along with random fiber failures and extensive fiber
pullout. In this paper, it is demonstrated that conditions of
global load sharing are not present in two commonly stud-
ied CMCs, despite the fibrous appearance of their fracture
surfaces. This behavior is manifested in a volume-dependent
strength, as evidenced by strength differences measured
in tension and flexure (accounting for the nonlinear stress
distribution in flexure). Methods of weakest-link statistics
are used to relate the strengths measured in the two test
configurations. Estimates for the Weibull moduli of the two
systems are obtained from the experiments and compared
with values obtained through Monte Carlo simulations based
on a three-dimensional-lattice Green’s function method.
The implications of these results on the strength of large
components and of small regions of high stress concentra-
tion are discussed briefly.

I. Introduction

TENSILE stress—strain curve for a fiber-reinforced ceramic-

matrix composite (CMC) is illustrated in Fig. 1. Typically,
such curves exhibit three characteristic features: linear elastic
response at small stresses; nonlinear behavior associated with
progressive matrix cracking at intermediate stresses; and a sec-
ond linear regime in which essentially all the applied stress is
supported by the fibers and the tangent modulus, do/de (where
o is stress and € is tensile strain), is ~fE;, where f, is the
volume fraction of fibers aligned with the loading direction and
E; is the Young’s modulus of the fiber. In some instances, fiber
failure at high stresses leads to a further reduction in the tangent
modulus (below fiE;). The ultimate strength is dictated by the
strength distribution of the individual fibers and the load-trans-
fer characteristics between neighboring fibers.!

Tk~ extent of load transfer is governed mainly by the inter-
facial sliding stress, 7. When 7 is sufficiently low, global load
sharing (GLS) conditions are obtained. In this regime, the load
that is ‘carried by a broken fiber is distributed equally to all
fibers in the plane of the break, with no attendant stress concen-
tration. The GLS fiber bundle strength is dictated by a charac-
teristic slip length, §_:**

S,RLV mim+1)
S = (——T—) ¢H)

where R is the fiber radius, m the Weibull modulus of the fibers,
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Fig.1. Schematic showing the tensile stress—strain response of a
fiber-reinforced CMC.

and S, the reference strength corresponding to a reference
length L,. Provided the length of the composite is greater than
~29. and the number of fibers is large, the stress—strain
response of the fiber bundle is essentially deterministic (Fig. 2(a))
and given, approximately, by*

(@) _ (SB[} _osEf" A
et (0*>[1 0.5(0* 2)
where ¢* is a characteristic strength defined by
Som Lo 1/(m+1)
-5

Fiber bundle failure occurs when do,/de = 0 (Fig. 2(b)); the
corresponding strength is

5 [ 2 Y"(m+1

o* 2+m m+2 )
When the sliding stress is large, the load from a broken fiber
is distributed preferentially to its neighbors—the so-called local
load sharing (LLS) condition. In this regime, the stress—strain
response initially follows Eq. (2); however, the fiber bundle
strength falls below the value predicted by Eq. (4). Moreover,
the bundle strength becomes intrinsically stochastic in nature.
One of the important implications is that the strength follows
weakest-link statistics and, hence, exhibits a volume depen-
dence. This volume dependence has been reported for a number
of fiber composites with well-bonded interfaces, including

epoxy/graphite*” and aluminum/Al,0,.2
Curtin and coworkers®'® developed a three-dimensional
lattice Green’s function method to study the evolution of fiber
damage and ultimate fracture under extreme LLS conditions.
They identified an intrinsic link size, comparable to the critical
cluster of fiber breaks at ultimate fracture, which dictates the
stochastics of composite fracture. Knowing the strength distri-
bution of the intrinsic link, weakest-link scaling is used to
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Fig. 2. Predicted fiber bundle behavior for GLS materials ((a) stress—strain response and (b) variation in tangent modulus with applied stress). Open

circles in Fig. 2(a) represent the points of tensile instability.

calculate the strength distribution of a composite that is com-
posed of a collection of such links. The simulations indicate that
the strength distribution can be approximated by the Weibull
function, although the apparent Weibull modulus of the com-
posite, m,, is larger than that of the fibers. Consequently, the
composite strength distribution is predicted to be narrower than
that of the fibers alone.

Although the existing models provide some insight into the
stochastics of composite fracture in the two limiting load-
sharing regimes, it is not clear when GLS and LLS conditions
are present. Moreover, the connections between the strength
distributions for the fibers and the composite for LLS materials
are not well established. Examinations of stress—strain curves
and fracture surfaces provide some indications. Under GLS
conditions, the fracture surface is expected to be fibrous, with
random fiber breaks and extensive fiber pullout, indicating little
correlation between the locations of fiber breaks. Moreover, the
stress—strain curves are expected to exhibit a gradual reduction
in do'/de as the fibers break, ultimately attaining do/de = 0 at

186

fracture. The predicted mechanical response of the fibes bundle
for GLS materials is shown in Fig. 2. As a general rule, if do/de
decreases to a value of ~f\E,/2 at fracture, then the bundle
strength is =5% of the GLS value (for m = 3).

The objective of the present article is to ascertain experimen-
tally whether GLS conditions are obtained in two commonly
studied CMCs and to examine the effects of volume on compos-
ite strength. It is demonstrated that, despite the fibrous appear-
ance of the fracture surfaces, GLS conditions are not obtained.
This condition is manifested in the manner in which do/de devel-
ops with stress and, more importantly, in a volume-dependent
strength. The volume dependence is examined by comparing
the behavior of the CMCs in tension and in flexure, taking
into account the nonlinear stress distribution in the flexure
specimens. Weakest-link statistics are used to relate the
strengths that are measured in the two test configurations. Esti-
mates for the composite Weibull moduli are obtained and com-
pared to the values that were obtained from Curtin’s
simulations. The effects of the volume-dependent strength on
the notched tensile properties are detailed elsewhere.'!
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II. Materials and Test Procedures

Two CMC systems were studied. The first” was a borosilicate-
glass-doped magnesium aluminosilicate (MAS) glass-ceramic
matrix reinforced with Nicalon* fibers in a [0/90],, (crossply)
configuration. A thin, boron-modified carbon layer, ~100 nm
thick, was obtained on the fibers by an in-situ reaction. The
volume fraction of fibers, f. was ~40%. The MAS matrix was
fully dense. The second® was a SiC matrix, produced by chemi-
cal vapor infiltration, reinforced with ~32% of Nicalon fibers
in a plain-weave configuration. In this case, the fibers had been
coated with a relatively thick (~1 um) carbon layer. The SiC
matrix contained porosity at two levels: large pores between
the tows and fine-scale porosity within the tows. The volume
fractions of the two were 3.0% and 5.6%, respectively (deter-
mined from quantitative metallography of polished cross sec-
tions). The microstructures of the two materials are shown
in Fig. 3.

Uniaxial tension tests were performed on straight bars of the
MAS/Nicalon composite, with a gauge length of 75 mm and
width of 5.0 mm. Fiberglass tabs were affixed to the specimen
ends using epoxy. The specimens were loaded using hydraulic
wedge grips mounted on a servohydraulic testing machine. The
axial strains were measured with a clip-on extensometer over a
10 mm gauge length. Similar tests were performed on the SiC/
Nicalon composite, although the specimens had a dogbone-
shaped geometry, with a gauge length of 55 mm and a width of
10.5 mm. All the reported test results corresponded to gauge
failures.

Four-point flexure tests were performed on the two compos-
ites, with the loading direction parallel to the laminae or fiber
weaves (“edge-on” orientation). The cross-sectional areas of
the flexural specimens were the same as those of the corre-
sponding tensile specimens. The inner and outer spans were 24
and 68 mm for the MAS/Nicalon composite and 39 and 95 mm
for the SiC/Nicalon composite. Strains were measured on the
compressive and tensile faces using strain gauges that were
1 mm wide and 3 mm long. Fracture consistently occurred
within the inner span. Either two or three tests were performed
on each material in both tension and flexure. Following testing,
the fracture surfaces of the specimens were examined using
scanning electron microscopy (SEM).

Produced by Coming, Inc., Coming, NY.
*Ceramic grade, produced by Nippon Carbon, Tokyo, Japan.
*Produced by DuPont Lanxide Composites, Newark, DE.

III. Results and Analysis

Figure 4 shows typical tensile test results, presented in terms
of the stress—strain response and the variation in tangent modu-
lus with stress. The strength results from all tests are summa-
rized in Table 1. Both materials exhibit the characteristics shown
schematically in Fig. 1, which are, notably, a linear elastic
regime, a nonlinear regime that is associated with cracking, and
a second almost linear regime that is associated with fiber
loading. These trends are demonstrated more vividly in the
tangent modulus plots (Fig. 4(b)). One of the key features in
these plots is the absence of a large reduction in the tangent
modulus as the stress approaches the ultimate tensile strength,
suggesting that the strength lies below the expected GLS value
and that some degree of LLS must exist between the fibers.!

SEM micrographs of the fracture surfaces are shown in
Fig. 5. In the SiC/Nicalon composite, there is only a modest
amount of fiber pullout. Moreover, there are regions in all the
bundles in which the fiber-fracture locations are essentially
coplanar with one another, indicating a strong correlation

“In the Nicalon/SiC composite. the terminal value of the tangent modulus is essen-
tially equivalent to the value expected based on fiber loading: fE,/2 ~ 29-32 GPa
(based on a fiber modulus £, = 180-200 GPa). In the Nicalon/MAS composite. the
tangent modulus attains a saturation value of ~20-25 GPa at a strain of ~0.2%-0.3%
and remains at that level up to the fracture strain (~0.9%). This level is somewhat
lower than the expected value of fE,/2 ~ 36-40 GPa. The discrepancy can be
attributed to the progressive development of matrix cracks over the entire range of
nonlinear straining. This result was obtained by replicating the tensile surface with
acetate tape at various stress levels and subsequently measuring the spacing between
the cracks on the replicas using optical microscopy. Evidently. the crack density in the
axial plies increases linearly as strain increases and never attains a saturation level
prior to tensile fracture.

Table I. Summary of Ultimate Strengths and
Failure Strains

Ultimate strength Failure strain
Loading {MPa) (%)
Nicalon/MAS
Tension 324 0.93
Tension 299 0.86
Flexure 381 1.40
Flexure 360 1.30
Flexure 359 1.34
Nicalon/SiC

Tension 169 il
Tension 176 0.37
Flexure 213 0.57
Flexure 187 0.52

"The symbol “*” represents extensometer failure.

Fig. 3. Micrographs of the (a) Nicalon/MAS and (b) Nicalon/SiC composites.
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Fig. 4. Tensile response of the () Nicalon/SiC and (O) Nicalon/MAS composites ((a) stress—strain behavior and (b) evolution of tangent modulus

with stress).

between breaks and, again, suggesting the existence of LLS
conditions. In the MAS/Nicalon composite, the extent of fiber
pullout is considerably greater, although there are small regions
where the breaks seem somewhat correlated with one another
(see, for example, the broken fibers near the bottom right comer
of Fig. 5(d)). In addition, the failure strain of the MAS/Nicalon
composite is almost twice that of the Nicalon/SiC composite.
It is speculated that this difference may be ascribed to fiber
degradation during weaving of the fiber cloths for the SiC/
Nicalon material.

The results of typical flexural tests are shown in Fig. 6. In
both materials, the tensile and compressive strains, €; and &,
are initially of the same magnitude (as expected in a linear
elastic beam). Once matrix cracking occurs, the value of &;
exceeds the value of €.. Moreover, the value of &; at fracture
invariably exceeds the value measured in the uniaxial tensile
tests. Evidently, the failure strains are not deterministic, again
indicating that GLS conditions are not obtained in the two
composites.
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The true values of tensile strength in the flexure specimens
were obtained in the following manner. In general, the bending
moment, M, is related to the uniaxial stress-strain response,
o (g), through the relation

D2 134
B f o(e)e de

= (31 — €C)2 (5)

M

where B and D are the specimen thickness and height, respec-
tively. Rearranging Eq. (5) and differentiating it yields the
following result:

d | — £ ’M
de, BD?

For mechanical equilibrium, the forces acting on any plane
through the specimen must be zero, yielding the additional
requirement of

fco(s)de =0

T

dec
] = a(er)er — O(Ec)ec E:—T (6)

0
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Fig. 5. Fracture surfaces of (a and b) Nicalon/SiC and (c and d) Nicalon/MAS, at low and high magnifications.

which, when differentiated, becomes

de.
a(ec)d—; = o(er) ®)

Combining Egs. (6) and (8) gives the tensile stress—strain
relation

o(Er) =

1 d (e — M
& —c0 Ee‘[ BD? ] ©

The derivative on the right-hand side of Eq. (9) is evaluated
by fitting the function to a smooth, monotonically increasing
function and subsequently differentiating the function. The true
tensile strength is evaluated from Eq. (9) at the load maximum.
(Similar methodologies for relating the flexural to tensile
strengths are found in the literature but are either numerical'>"?
or expressed in a different analytical form.')

Comparisons of the tensile stress—strain curves obtained
from the fiexure and tensile specimens are shown in Fig. 7.
Over most of the loading, the two tests yield similar results.
The main difference is that the strengths and failure strains that
are obtained in flexure exceed the corresponding values that are
obtained in uniaxial tension. The slight differences in stress—
strain response can probably be ascribed to the intrinsic vari-
ability in material properties. The ratio of mean strengths
(bending/tension) are indicated on Fig. 8. The ratios are in the
range of 1.10-1.20 for both systems. Previous studies on glass-

fiber-reinforced polymers™® yielded strength ratios of 1.4~1.5.
The differences are most likely due to differences in interfacial
bonding and fiber strength distributions.

IV. Weakest-Link Statistics

The experimental results demonstrate that the tensile
strengths of the composites are dependent on the volume under
stress and, therefore, are expected to follow weakest-link scal-
ing, in accordance with"

P=1- exp(—jg(a) dV) (10)

where P, is the cumulative failure probability at a stress o; V'is
volume, and g(o) is a positive, monotonically increasing func-
tion of ¢. If the strength follows a Weibull distribution, then

1 Jn
8@ = —V—((—;'—) an

where o, is the reference stress corresponding to a reference
volume, Vo, and m is the Weibull modulus. Substituting Eq. (11)
into Eq. (10) yields

P=1- exp[—k(v‘i)(g&"ﬂ)] 12)
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Fig. 6. Flexural response of (a) Nicalon/SiC and (b) Nicalon/MAS.

where £ is a dimensionless coefficient that is defined by

1
k—v—(o_—""m)mf()' dv

v

13)

and o, is the maximum tensile stress. For uniaxial tension,
k = k; = 1, and, for pure bending of an elastic body, k = kg =
0.5/(m + 1). Solutions exist for k in other loading configura-
tions; for linear elastic materials, £ is a function of m and
specimen geometry only.”* From Eq. (12), it follows that the
ratio of the median strengths.! &, /&,, obtained from two differ-
ent loading configurations with k factors of &, and &, is
g

3 lelm
5, \kV,

Thus, the strength ratio in bending to that in tension is given by

14

""The same result pertains to the ratio of mean strengths.
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Oy _
ar

VT 1/m V-r 1im
(Vska) = [Z(m + 1)(VB) (15)
where B and T refer to bending and tension, respectively. (In
this case, Vj is taken as the specimen volume within the inner
loading spans of the flexural specimens.)

Inelastic deformation changes the bending solution. How-
ever, because the stress within the inner span varies only along
the loading direction, Eq. (13) can be rewritten as

”
1

ky=— | (o "d 16

B DO,TMJ( (yrH™ dy (16)
[

where y* is the distance from the neutral axis to the tensile face.

Because the strain distribution is linear across the specimen, the

neutral axis is at

=&
Y= (€T — sc)D a7
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Fig.7. Comparison of the true tensile stress—strain response obtained from (O) flexure tests with (M) those measured in uniaxial tension tests

((a) Nicalon/SiC and (b) Nicalon/MAS).

and the strain € is related to position y through

y=( £ )D (18)

& — &

The value of &y is obtained by combining Egs. (16)—(18) with
the measured tensile stress—strain response and numerically
integrating the result, using various assumed values of m.

The calculated mean strength ratios (bending/tension) are
plotted against m in Fig. 8. The strength ratios determined from
the experiments are indicated by the horizontal dashed lines.
The Weibull moduli, m, obtained from the intersections of the
calculated and measured curves are ~24 for the MAS/Nicalon
composite and ~28 for the SiC/Nicalon composite. These val-
ues are very much higher than those of the Nicalon fibers alone
(m, = 3-5).

It is recognized that a larger number of tests is needed to
ascertain m accurately, because of its strong sensitivity to the
strength ratio. The degree of this sensitivity can be demon-
strated by combining the higher bend strength (213 MPa) with

the lower tensile strength (169 MPa) for the SiC/Nicalon com-
posite, yielding a strength ratio of ~1.26 and an m value of
~15. Consequently, these values are to be considered as prelim-
inary estimates only. Nevertheless, the experiments clearly
demonstrate the volume dependence of the tensile strength and
show that the Weibull moduli of the composites exceed those of
the fibers by a substantial amount.

The computer simulations for strongly LLS materials yield
qualitatively similar results.’® The predicted strength distribu-
tions for composites are in approximate accordance with the
Weibull function, with a modulus that exceeds that of the fibers.
For example, for a fiber Weibull modulus that is typical of
Nicalon fibers (i.e., m; = 5), the predicted composite modulus
is in the range of ~70-80 (depending weakly on composite
volume). Despite the strongly LLS conditions used in the simu-
lations, the predicted strength distribution is narrower than one
inferred from the present experiments. Nevertheless, both pre-
dict a distribution that is considerably narrower than that of
the fibers alone. The corresponding coefficients of variation,
(taken as ~1.2/m), are ~1.6% and ~5% for the simulations
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Fig. 8. Variation in the strength ratio (flexure/tension) as a function of the composite Weibull modulus ((a) Nicalon/SiC and (b) Nicalon/MAS).

Dashed lines indicate the average values obtained from the experiments.

and the experiments on the composites, respectively, and ~25%
for the fibers. It is surmised that the discrepancies between the
simulations and the experiments may be attributed to other
factors that cause strength variability, including variations in
fiber content and experimental errors that are associated with
the measurements. In addition, the measured strengths may be
influenced by the unbridged cracks in the off-axis (90°) plies or
fiber tows or by the presence of matrix porosity, resulting in
additional stochastic effects. Such effects would not be
expected to be significant in GLS materials.

V. Concluding Remarks

The present results have important implications regarding
failure prediction in CMCs. First, the strengths that are mea-
sured on small laboratory coupons are expected to be somewhat
higher than those that are representative of larger structures.
However, the estimates of m that are obtained from the experi-
ments suggest that this volume dependence is relatively small.
For example, for m = 25, the volume must increase by a factor
of >1000 to effect a strength reduction of 25%. Conversely,
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regions of high stress concentration. such as those found ahead
of notches or manufacturing flaws, are expected to sustain
higher stress levels at failure because of the relatively small
volumes that have been subjected to the stress elevation. Indeed,
previous experiments on notched strength have indicated that
the average net-section stress at failure can be comparable to or
even greater than the unnotched strength, despite the presence
of stress concentrations at the notch tip.'® The inference from
this observation is that the strength exhibits a volume depen-
dence, in accordance with weakest-link scaling laws. The
effects of notches on the tensile strength of CMCs are addressed
in further detail in a companion paper."'

One of the key outstanding issues relates to the degree of
local load transfer that occurs in these and other CMCs and its
effect on strength variability. No quantitative information about
such effects is obtained from the present experiments. Intu-
itively, the extent of fiber pullout (particularly in the Nicalon/
MAS composite) suggests that the degree of local load transfer
is probably small, although apparently it is sufficiently large to
cause the reported strength variability. Conclusions regarding
load sharing that are based solely on fracture surface observa-
tions alone therefore may be somewhat misleading.
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ABSTRACT

The effects of circular holes and sharp notches on the tensile strength of two
Nicalon-reinforced ceramic composites have been investigated. The influence of
inelastic straining on the re-distribution of stress has been elucidated through
measurements of the local strains in the regions of high stress concentration, coupled
with finite element simulations of the test geometries, using a non-linear constitutive
law appropriate to ceramic composites. The scale-dependence of strength has been
inferred from tests performed on specimens of varying size. The utility of two failure
models that incorporate both the inelastic straining and the scale-dependence have been
assessed: one based on the point stress failure criterion and the other on weakest-link
fracture statistics. Both approaches provide a reasonably consistent description of the
experimental measurements. Some of the implications and limitations associated with

the failure models are discussed.

1. INTRODUCTION

One of the attractive characteristics of fiber-reinforced ceramic matrix composites
(CMCs) is their ability to undergo inelastic straining. The straining is effected through
the formation of matrix cracks and the associated debonding and sliding along the fiber-
matrix interfaces. A key role of the inelastic straining is to mitigate stress concentrations
that occur around geometric discontinuities in CMC components, rendering them
relatively notch-insensitive [1-8]. Measurements of strains (using Moiré interferometry
[7]) and stresses (using SPATE [1]) in notched specimens have clearly demonstrated
these effects. One of the main objectives of the present work is to develop and critically

assess models of notched strength, taking into account this inelastic behavior.
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Broadly, the process of fracture in notched geometries involves two steps.
(i) Strain localization at the notch tip through failure of the fiber bundle and the
formation of a macroscopic crack, with bridging occurring subsequently through
pullout of the broken fibers. At the simplest level, this event is expected to occur when
the maximum local stress reaches the fiber bundle strength. (ii) The localized band then
propagates across the remaining section. The band may propagate stably under
increasing applied stress, provided that the bridging tractions acting across the crack
are sufficiently high. Among these two steps, that requiring the higher stress dictates
the notched-strength. Modeling approaches for both processes have been developed:
the former based on stress analysis [9, 10] and the latter on the mechanics of bridged
cracks [11-20]. However, the utility of these models in predicting notched-strength of
fiber-reinforced CMCs has not been verified.

Some insight into the local failure conditions can be gained from the extensive
experience with polymer matrix composites (PMCs) [21-25]. A key result is that strain
localization does not occur when the maximum stress at the tip of a notch reaches the
unnotched strength (as suggested by a simple maximum stress approach), but rather at
substantially higher stresses. The maximum stress approach also yields strength
predictions that are independent of specimen size for self-similar geometries: a result
inconsistent with experimental measurements [21, 23, 24], which reveal that the strength
decreases with increasing notch size. One approach having utility in rationalizing the
size effect comprises the point stress failure criterion [21-25]. Here, localization is
postulated to occur when a critical stress (usually taken to be the unnotched tensile
strength) is attained over a characteristic length, d, ahead of the notch. This approach is
readily implemented in PMCs, through the use of well-established solutions for the
stress fields in elastic, anisotropic bodies. Interestingly, the values of the characteristic
length inferred from tensile tests on center-hole panels in a variety of PMCs fall in the

rather narrow range, d~0.7-1.1 mm [21, 23, 24].
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An alternate approach to failure prediction is based on the premise that the
composite strength is probabilistic and hence follows weakest-link fracture statistics. It
has found utility in describing the strength of open-hole tensile panels of some PMCs,
including the trend in strength with hole size [26]. This approach has not been pursued
within the context of CMCs, in part because of the perception that their strength is scale
independent. However, recent work on both a laminated glass-ceramic CMC and a
woven CVI material [27] has indicated significant scale dependence. That is,
comparisons of strengths and failure strains measured in uniaxial tension and four-
point flexure have demonstrated effects of size and stress gradients on the failure
condition, upon taking into account the non-linearities in the stress distributions present
in the flexure specimens. These results have been interpreted in the context of weakest-
link fracture statistics, with the failure probability taken to follow the Weibull function.
The comparisons yield Weibull moduli in the range ~ 20-30: much higher than the
values associated with the fibers alone (~3-5). An additional inference is that, during
tensile straining, the load from a broken fiber is not shed globally to all other fibers in
the plane of the break, but rather, preferentially to neighboring fibers. This local load
sharing behavior gives rise to intrinsic stochastic behavior in the fiber bundle strength,
including the scale dependence associated with weakest-link statistics. One of the goals
of the present work is to assess the utility of both the probabilistic model and the point
stress criterion for notched strength prediction of CMCs.

Application of either approach to CMCs must account for the inelastic straining
that precedes localization. For this purpose, non-linear constitutive laws appropriate to
CMCs are needed to compute stress distributions in notched geometries. Two such
constitutive laws have been developed recently, both applicable to biaxial (in-plane)
stressing. The first is based on continuum damage mechanics, with thermodynamic
potentials derived from the micromechanics of matrix cracking and fiber-matrix sliding

[10]. The second is more phenomenological and based upon an interpolation procedure
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for evaluating the in-plane stresses at a prescribed state of biaxial strain, using
experimental measurements of the uniaxial response [9]. The latter approach is utilized
here. The constitutive law is validated through comparisons of measured and predicted
strains around notches and subsequently used in failure prediction. Comparisons
between the nature of the two constitutive laws and their predictive capabilities are
presented elsewhere [28].

The post-localization response of composites has been addressed through crack
bridging models within the context of fracture mechanics [11-20]. The material
response within the band is characterized by a bridging traction law, with a
characteristic strength, 6o, and a fracture energ);, T. The effectiveness of the bridging is
dictated by a bridging length scale, given by T'E/0o2, where E is the elastic modulus
[17-19]. The shape of the traction law plays a secondary role. The notched-strength
(corresponding to the stress at the point of instability of the localized band), is governed
by the ratio, o, of the notch size, ao, to the characteristic length: o=a,/(T'E /662). As a—0,
the material exhibits notch-insensitive behavior, with a strength 6/6, = 1, independent
of notch shape. Conversely, as a—es, notch-sensitivity is obtained. The notch shape
plays a key role in the latter regime: sharp notches giving rise to classic Griffith
behavior and circular holes yielding a limiting strength of 6/, = 1/kg, where ks is the
stress concentration factor. Relatively comprehensive notched strength solutions for a
wide range of notch sizes and shapes and bridging traction laws have been developed
[13-20]. The bridging approach has found utility in the prediction of crack stability in
whisker- reinforced ceramics [20], as well as fiber-reinforced titanium composites [19],
but has not been applied to fiber-reinforced ceramics. The present work indicates that
this approach may be applicable to the latter class of composites in the regime of long,
sharp notches. |

The main objective of this study is to develop mechanism-based models for the

tensile strength of CMC components containing stress concentrating features, including
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sharp notches and circular holes. This is accomplished through a series of experiments
on two prototypical CMCs (a laminated cross-ply Nicalon/MAS and a plain weave
Nicalon /SiC), identical to those used in the recent study comparing tensile and flexure
properties [27]. In-situ observations of the notched specimens are used to establish the
loading conditions at the onset of localization and hence identify an appropriate
approach to strength prediction. In addition, simulations of the stress fields in the
notched geometries are performed using a non-linear constitutive law. The computed
stress fields are combined with several proposed failure criteria to predict notched-
strength and the validity of the criteria assessed by comparison with the experimental
measurements. An approach for predicting transitions in the strength-limiting process
(initiation vs. propagation of the localization) is outlined and implemented for one of

the two systems.

2. MATERIALS AND TESTING PROCEDURES

Two CMC systems were studied. The first§ was a borosilicate-glass-doped
magnesium aluminosilicate (MAS) glass-ceramic matrix reinforced with Nicalon¥ fibers
in a [0/90]3s (crossply) configuration (Figure 1(a)). The volume fraction of fibers, f, was
~40%. The MAS matrix was fully dense. The second? was a SiC matrix, produced by
chemical vapor infiltration, reinforced with ~32% of Nicalon fibers in a plain-weave
configuration (Figure 1(b)). The SiC matrix contained porosity at two levels: large pores
between the tows and fine-scale porosity within the tows. The volume fractions of the
two were 3.0% and 5.6%, respectively (determined from quantitative metallography of
polished cross-sections). Following specimen fabrication, a SiC overcoat was applied,

also by CVI, resulting in the external surface shown in Figure 1(c). It is comprised of

§ Produced by Corning, Inc., Coming, NY.
¥ Ceramic grade, produced by Nippon Carbon, Tokyo, Japan.
1 Produced by DuPont Lanxide Composites, Newark, DE.
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relatively coarse SiC nodules (~100 pm). It also exhibits undulations that reflect the
morphology of the underlying fiber tows.

Uniaxial tension tests were performed on the Nicalon/SiC composite using
standard (unnotched) dog-bone specimens in both 0°/90° and * 45° orientations, with a
cross-section of 2.6 mm x 10.3 mm and gauge length of 55 mm. Similar tests were
performed on the Nicalon/MAS composite in the 0°/90° orientation using straight bars
with a cross-section of 2.6 mm x 4.0 mm and gauge length of 75 mm. The tensile strains
were measured using a 10 mm clip-on extensometer as well as with two strain gauges
(2 mm x 2 mm) oriented parallel and perpendicular to the fiber direction. The off-axis
properties of the Nicalon/MAS were determined using the Iosipescu shear test. The
specimen dimensions and test procedures were similar to those described in [29]. Strain
gauges (2 mm x 2 mm) were affixed to the Josipescu samples at both +45° and -45° to
the loading axis.

Tensile tests were also performed on a series of specimens containing circular
through-thickness holes at the specimen center. For the Nicalon/SiC material, the hole
diameter, 2a, ranged from 2.3 to 7.6 mm, and the specimen width, 2w, from 12.7 to 38.1
mm. In six of the specimens, the normalized hole size, a/w, was 0.2; in the remaining
two, it was 0.067. For the Nicalon/MAS material, 2a ranged from 2.5 to 5.1 mm, with
a/w=0.2 for all specimens. A parallel set of experiments was conducted on double-edge
notched tensile specimens of the Nicalon/MAS. The notch size, 2a, ranged from 2.5 to
7.6 mm, with a/w=0.2. The notch width was 0.3 mm and the notch tip radius was = 0.15
mm.

The center-hole Nicalon/MAS specimens were instrumented with strain gauges,
shown schematically in Figure 2(a). Small (1 mm x 1 mm) gauges were placed at three
locations around the hole perimeter: (i) along the equatorial plane at the location of
maximum strain (gauge #1 in Figure 2(a)); (ii) at 45° to the equatorial plane (#2), and

(iii) in the polar region, at 90° to the equatorial plane (#3). Each of these was oriented to
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measure the normal strain in the tangential direction. In addition, small gauges were
placed along the equatorial plane at the mid-point between the hole edge and specimen
edge (#4), and a location remote from the hole (#5). Finally, a larger gauge
(2 mm x 3 mm) was placed at a remote location (#6), for comparison with the
corresponding small gauge. The Nicalon/SiC specimens were instrumented with small
gauges at locations #1 and #4 (along the equatorial plane) and two remote gauges, one
small (#5) and one large (#6). Each of the small gauges was placed directly over a
longitudinal fiber tow. The gauge configuration for the double-edge notched
Nicalon/MAS specimens is shown in Figure 2(b). Four small gauges were placed along
the reduced section: at each notch tip (#1 and 2), at the quarter section (#3), and at the
midsection (#4). One purpose of the gauges located at the hole or notch edge was to
ascertain the local (peak) strain at the onset of composite failure. Moreover,
comparisons of all strain measurements with the values predicted by the finite element
simulations were used to critically assess the predictive capability of the non-linear
constitutive law (described below).

Beveled fiberglass tabs were bonded to the specimen ends with a cyano-acrylate
adhesive. The tests were conducted in a servo-hydraulic testing machine with hydraulic
wedge grips, at a displacement rate of ~0.002 um /min. The evolution of damage around
the holes was monitored continuously using a stereo microscope attached to a CCD
camera and video recorder. Following fracture, the specimens were examined in a

scanning electron microscope (SEM).

3. MEASUREMENTS AND OBSERVATIONS

The unnotched stress-strain behavior of the two composites is shown in Figure 3.
While both materials develop inelastic strain and exhibit similar stress-strain

characteristics, their fracture properties are markedly different. Notably, the tensile
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strength and failure strain of the Nicalon/MAS in the 0°/90° orientation are roughly
twice the corresponding values for the Nicalon/SiC. These differences are likely due to
a degradation of the fibers upon weaving of the fiber cloths and upon composite
processing.

The trends in strength with notch size for both circular holes and sharp notches
are plotted in Figure 4. The results are presented in terms of the net section stresses, oN,
as well as the stresses normalized by the respective unnotched strength, 6,. Also shown
in the figure are the expected results for two limiting cases: (i) completely notch-
insensitive (oN/0o = 1), and (ii) strongly notch-sensitive (oN/6o = 1/Kg). For a circular
hole with a/w = 0.2, kg = 2.5 [30]. Despite the differences in the unnotched properties,
the two materials exhibit similar notch strength characteristics. For both, the strength
decreases gradually with increasing hole size, by ~25-30% over the entire range of notch
sizes. Similar reductions were obtained for the double-edge notched Nicalon/MAS
specimens. For the Nicalon/SiC, the strength also decreases with increasing specimen
width. These trends suggest that the strengths of these materials are not deterministic
and exhibit a volume-dependence. Similar conclusions have been reached previously,
based on comparisons of the tensile and flexural strengths of the same two CMCs [27].

The variations in the local strains on a center-hole Nicalon/MAS specimen are
plotted in Figure 5(a). As expected, the tensile strain develops more rapidly at the edge
of the hole than at locations remote from the hole. The strain concentration obtained
from the gauge placed at the hole edge (#1) was consistent with the value predicted
from an elastic calculation: ke =€1/€. =~ 1.6 where k¢ is the strain concentration
averaged over the gauge area, €1 is the average local axial strain and €. is the remote
tensile strain (see [30] for equations). Moreover, both the small and large remote gauges
were in excellent agreement with the extensometer output in the unnotched test

(compare with Figure 3(b)).
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There are two additional significant features. (i) Direct optical observations
indicate that the load maximum is coincident with the localization of deformation, as
manifested by the formation of a large crack at the edge of the hole. A sequence of
micrographs showing the development of such a crack at the load maximum are
presented in Figure 6. These cracks were observed to propagate stably for a brief period,
subject to a decreasing load, prior to catastrophic fracture. The increased crack opening
is associated with fiber failure, subject to substantial bridging by the broken fibers. The
propagation of the localized band coincides with a rapid increase in the strains
measured on the gauges situated along the equatorial plane. Clearly, the gauge
measurements following the load maximum are associated with the local crack opening
displacements and are not representative of the true local strains. (ii) The peak strains at
the hole edge were substantially higher than the unnotched failure strain (= 1.6%
compared with = 0.96%). This result corroborates the hypothesis that the strength is not
deterministic and may follow weakest-link scaling laws. Similar differences in failure
strains were reported previously for tests performed in flexure and tension, with the
flexural failure strains reaching = 1.3-1.4% [27].

Analogous results were obtained for the Nicalon/MAS specimens with double-
edge notches (Figure 5(c)). Notably, the peak strain within the gauge at the notch tip (at
the load maximum) was similar to that obtained for holes. In addition, the load
maximum was associated with the development of a large macroscopic crack, which
again propagated stably for a short period under decreasing load.

An implication of the strain measurements and the in-situ observations is that the
notched strength is dictated by the onset of strain localization, with no additional load
bearing capacity obtained upon growth of the localized band. This conclusion is vital to
the development of an appropriate failure criterion, as described in the Introduction

and detailed further in Section 5. Notwithstanding these observations, there remains the
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possibility that the strength may be dictated by the propagation of the localized band for
larger notch sizes. Calculations that address this issue are presented in Section 6.4.

The strain gauge measurements for a typical notched Nicalon/SiC specimen is
presented in Figure 5(a). In this case, the remote strains measured with the small gauges
(each mounted on a single longitudinal tow) were considerably lower than the strains
obtained from the extensometer in the unnotched tension test (by ~20-60%). The
discrepancy is surmised to result from bending of the longitudinal tows upon tensile
loading. Such bending induces a compressive strain on the external surface of the tows.
Finite element analyses using a cell model representative of the plain-weave fiber
architecture and matrix porosity affirm that such bending occurs and that the surface
strains on the longitudinal tows are lower than the applied strains [31]. There was also
considerable scatter in the strains obtained with the small gauges: a consequence of the
inhomogeneity of the underlying microstructure, particularly the large-scale porosity
(Figure 1(b)). The surface roughness associated with the SiC nodules (Figure 1(c)) may
also contribute to this scatter. Once cracks formed in the SiC overcoat, the local strains
exhibited either positive or negative "bursts", depending on the crack locations. When
they occurred directly beneath the gauges, the strains increased; when they occurred
adjacent to the gauges, the strains decreased. The output from the large gauges was in
somewhat better agreement with the extensometer output, though there was still
considerable scatter and pronounced bursts upon matrix cracking. In light of these
problems, the strain gauge data are not deemed to be representative of the true bulk
strains in this material; consequently, no further analysis was performed with these
data.

The in-situ observations on the Nicalon/SiC did not reveal the development of a
localized band prior to fracture. Moreover, there was no stable post-maximum region of
loading. The inference is that fracture occurs catastrophically at the onset of localization.

This result, in combination with the low pullout lengths (described below), indicate that

7P:FZ71(October 7, 1997)+2:42 PM/mef

205

11



bridging within the localized band is ineffective in stabilizing the band. Indeed, the
bridging in this CMC is even less effective than in the Nicalon/MAS system.

Prior to failure, both materials exhibited multiple matrix cracking along the
entire specimen length. For the Nicalon/SiC, the density of cracks was relatively low
(~ 1-2/mm). For the Nicalon/MAS, it was considerably higher (~ 20 to 30/mm). The
notched Nicalon/MAS specimens also exhibited shear bands within the outer ply.
These bands had initiated at an angle of ~ 45° to the equatorial plane and were ~ 1-
2 mm in length (Figure 7(c)). Such bands were not seen in the bulk (based on fracture
surface examinations) and are believed to be a surface phenomenon only. Moreover,
there was no evidence of splitting between the plies or cloths in either material, in
contrast to earlier observations on a Nicalon/CAS composite [6].

The fracture surfaces of both materials were planar and oriented perpendicular
to the loading direction. The location of the fracture planes with respect to the holes and
notches was within ~ 30° of the equatorial plane. In the Nicalon/SiC (Figure 7(a)), the
fracture surfaces exhibited minimal fiber pullout (< 0.1 mm), and the fibers tended to
pullout as bundles rather than individual filaments. The fiber fracture locations within
the bundles appeared to be highly correlated, consistent with results obtained in
unnotched tension and flexure [27]. In the Nicalon/MAS (Figure 7(b)), fiber pullout was
more extensive (= 0.3 to 0.4 mm), and the correlations in the fiber failure locations

appeared to be weak.

4. SIMULATIONS OF STRAIN DISTRIBUTIONS

The effects of inelastic deformation on the stress and strain distributions around
the notches and holes was assessed through finite element simulations of the specimen
geometries used in the experiments. The calculations are based on the non-linear

constitutive law developed by Genin and Hutchinson [9]. The law implicitly accounts
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for the inelastic strains associated with matrix cracking and interface debonding and
sliding. It was calibrated for the two materials using the unnotched tensile and shear
data. The response in other orientations, subject to arbitrary biaxial loads, is predicted
by the model [9]. The constitutive law was implemented in a commercial finite element
code (ABAQUS). The outputs from the analysis are the distributions of the in-plane
stresses and strains throughout the notched specimens. To simulate loadings for which
the local stresses exceed the critical values obtained in the unnotched tensile tests, the
stress-strain data used for the calibration were extrapolated linearly beyond the failure
point, with a tangent modulus equal to that at failure.

Comparisons of the simulated and measured strains on the Nicalon/MAS
specimens with center holes are shown in Figure 8. (Such comparisons were not made
for the Nicalon/SiC specimens because of the irregularities in the surface strain
measurements.) Excellent agreement was obtained for all strain gauge locations around
the hole (#1-4); the only exception was the deviation in the gauge at the 45° location at
high strain levels (#2, Figure 8(b)), due to the proximity of the shear bands on the
specimen surface and the associated relaxation of the strains in the surrounding regions.
The strong correlations between the measured and predicted strains provide a

validation of the proposed constitutive law and justify its use for failure prediction.

5. FAILURE PREDICTION

The stress distributions calculated using the non-linear constitutive law have
been used to predict the onset of failure, subject to three failure criteria.

(i) At the simplest level, failure is assumed to occur when the maximum tensile
stress (at the notch tip) reaches a critical value, equal to the unnotched ultimate tensile
strength (UTS). The predicted trends in notched strength are shown in Figure 9 as the

solid lines labeled d = 0. These predictions lie above those based on the elastic
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calculations, by ~ 25% for the Nicalon/SiC and ~ 50-80% for the Nicalon/MAS, but well
below the measured values. More importantly, the strength is predicted to be
independent of hole diameter for fixed a/w, because of the absence of a length scale in
the failure criterion. This, too, is inconsistent with the experimental data.

(ii) To account for the size effect, the point stress criterion has been utilized. As
noted earlier, this criterion is based on the attainment of a critical stress over a
characteristic distance, d, from the edge of the hole or notch. The critical stress was
taken to be the unnotched UTS and the characteristic distance was inferred from
comparisons between the measured strengths and those predicted using the non-linear
constitutive law, assuming a range of values for d. (The limiting case of d =0
corresponds to a deterministic strength, equal to the unnotched UTS, as described in the
preceding paragraph.) The utility of the approach was further assessed by comparing
the values of the characteristic distance obtained from different test geometries. The
comparisons are shown in Figures 9. For the Nicalon/SiC material, the predicted trends
in the strength with both hole diameter (for fixed a/w) and panel width (for fixed hole
size) yield the same characteristic distance: d = 0.75 mm. For the Nicalon/MAS, the
trends in strength with both hole diameter and notch length (for fixed a/w) yield
similar values: d = 0.5-0.75 mm.

(iii) The third approach to failure prediction is probabilistic. It assumes that the
composite strength follows weakest-link scaling laws such that the survival probability
is given by the product of the survival probabilities of the individual volume elements
that comprise the body. The strength distribution of the volume elements was assumed
to follow the Weibull function with a reference strength, S, a reference volume, V,, and
a dispersion index, m. The failure probabilities of the notched specimens were
calculated on the basis of the stress component acting along the fiber direction.
Calculations were performed for a range of values of m (10-40), with the corresponding

values of S, selected to be consistent with the average unnotched UTS (Table I).
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The calculated mean strengths are compared with the experimental
measurements for the two materials in Figure 10. For the Nicalon/SiC, the calculations
based on m = 15 £ 5 correlate best with the experimental data. The inferred value of m is
somewhat lower than the one obtained upon comparing flexural to tensile strengths
(~ 28). The discrepancy may be attributed to the small number of tests and hence the
uncertainty in m. A value of ~ 25-40 correlates best for the Nicalon/MAS with the
center holes (Figure 10(c)). This range is consistent with the value obtained from the
flexure and tension test results (m = 24). The inferred value from the double-edge
notched specimens is considerably lower (Figure 10(d)). However, the applicability of
the probabilistic model to the latter specimen geometry is considered to be suspect,

because of the large stress gradients present at the notch tip, as described below.

6. DISCUSSION

6.1 General Remarks

Both the Nicalon/SiC and Nicalon/MAS materials exhibit a modest degree of
notch-sensitivity. This behavior is attributable to both the redistribution of stress due to
inelastic straining and the volume-dependence of strength. The effects of size on
strength can be predicted either through the use of a characteristic distance in
conjunction with a deterministic strength, or through the use of weakest-link statistics.
It is emphasized that the trends cannot be rationalized solely on the basis of the stress
redistribution due to inelastic straining subject to a deterministic strength.

Previous studies of the notched strength of a Nicalon/CAS composite had
focused on the contribution from inelastic straining alone [1]. Stress measurements
made around notches at progressively increasing applied stress showed a reduction in
the stress concentration following non-linear straining. A significant level of stress

concentration (~ 2.1) was present at the point of fracture, yet the notched strength
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remained essentially at the same level as the unnotched strength. This seeming
discrepancy can be rationalized on the basis of a volume-dependent strength, as

illustrated through the present work.
6.2  Point Stress Failure Criterion

The physical significance of the characteristic distance in the point stress failure
criterion can be rationalized on the basis of the size of the critical flaw at which failure
initiates. In monolithic ceramics, the strength-limiting flaws are typically ~ 1-10 um in
diameter, as inferred from their tensile strength and fracture toughness. The
consequence is an extreme sensitivity to stress concentrations. The corresponding flaws
in CMCs are much larger because of the nature of the damage that leads to failure.
Upon straining, flaws within the fibers are initially activated in a stable manner, leading
to progressive fiber breakage. Moreover, in LLS materials, the fiber failure events are
correlated because of the stress concentrations produced by the breaks. Catastrophic
failure occurs when a cluster of broken fibers reaches a critical size. This cluster can be
viewed as the critical flaw. Monte Carlo simulations of fiber damage in LLS composites
indicate that the length of the flaw is of the order \/;1? A, where n. is the number of
breaks in the critical cluster and A is the fiber spacing (A =25 pum in the
Nicalon-reinforced CMCs). For a fiber Weibull modulus of 5, the critical cluster
comprises ~ 60 fibers [32], such that the flaw size is \/n_c A =200 um. It is surmised that
the characteristic distance inferred in the present study is a multiple of the critical
cluster size: the ratio being d/4/nc A = 3. A related approach has been used to rationalize
cleavage fracture of steels in the presence of notches. Specifically, fracture is predicted
to occur when the tensile stress ahead of the notch exceeds the fracture stress of the
cementite particles over a distance of ~ 2 times the particle spacing [33].

The characteristic distance in the point stress criterion for both CMCs used in this

study is about 0.5-0.75 mm. A concurrent study on a porous all-oxide CMC has yielded
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a similar value (d = 0.7 mm) [34]. Moreover, previous‘ studies on fiber-reinforced
polymer matrix composites (PMCs), including glass/epoxy [21, 23], glass/polyester
[23], and graphite/epoxy [24], have also yielded values in the same range, from 0.7 to
1.1 mm. In light of the diversity of these composites, the strong similarities in the values
of d are striking. The only apparent microstructural feature common to all systems is
the fiber diameter, which spans the rather narrow range of ~ 8 to 15 um. Consequently,
the characteristic distance represents roughly the same number of fibers in each system,
consistent with the assertion that the distance is dictated by the critical cluster of fiber

breaks.
6.3  Assessment of Weakest-Link Scaling

The concept of a critical cluster of fiber breaks has implications in the assessment
of the probabilistic failure model. In implementing the model, the structure or
component is discretized into an array of representative volume elements and the
stresses in these elements are used to determine the overall failure probability. Weakest
link scaling laws are violated when the critical flaw size becomes comparable to the
dimensions of the structure. The relevant dimension in the notched tensile specimens is
the notch radius.

For the open-hole specimens, the key dimension is the hole radius, which ranges
from ~ 1 to 4 mm. In this case, the probabilistic failure model is expected to be valid,
particularly at the high end of this size range. By contrast, in the double-edge notched
specimens, the relevant dimension is the notch root radius (150 pm), which is
comparable to the critical flaw size (J_IE A = 200 um). Consequently, the weakest link
scaling model cannot be used in accordance with its usual formulation. An alternative
probabilistic methodology would be needed to address the notch behavior, consistent

with a considerably enhanced notch tolerance.
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6.4  Transitions in the Strength-Limiting Process

The onset of localization controls the tensile strength of the Nicalon-reinforced
CMCs for both the center-hole and double-edge notched geometries for notch sizes
2a £ 10 mm. Recognizing that this range of notch sizes is rather small, it is suggested
that a transition to propagation-controlled fracture might occur at larger notch sizes. To
assess this hypothesis, the stresses associated with each process were calculated over a
broad range of notch sizes for both geometries, with a/w = 0.2. The results are plotted
on Figure 12. The calculations were performed for the Nicalon/MAS, in part because of
the expectation that bridging plays a greater role in this system than in the Nicalon/SiC.

The stress required for initiation of the localized band was calculated using the
point stress failure criterion, with the characteristic distance, d, assumed to range from 0
to 0.75 mm. As a — o, all of the curves for the center-hole specimen asymptotically
converge to 1/kp where kyp, is the stress concentration evaluated at a net section stress
equal to the unnotched UTS . (Naturally, the limiting stress is substantially higher than
the elastic prediction, 1/kg, because of the contribution associated with inelastic
straining). In contrast, for sharp notches, the strength decreases monotonically with
increasing notch size and the curves for different values of d never converge.

The stress required for propagation of the band was calculated using a standard
crack bridging model, implemented in the ABAQUS finite element code. The zone of
localization was modeled as a sheet of springs connecting two elastic blocks, with an
exponentially-softening traction law used to describe the response of the springs. This
traction law was selected because it most closely approximates the pullout behavior of
Nicalon/MAS once all of the fibers have failed [35]. The form of the pullout curve is a
manifestation of the exponential distribution of pullout lengths coupled with a constant
sliding stress. The bridging parameters were obtained from a fiber bundle pullout test,

performed on a deeply-notched tensile bar of the Nicalon/MAS composite, as described
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in [35]. The values used in the calculations are 6, = 100 MPa, I =40 kJ/mZ2, and E = 130
GPa. Similar pullout characteristics have been reported independently for a comparable
laminated CMC [36].

The results are presented in Figure 12. For the center-hole geometry (Figure
12(a)), the limiting stress for the onset of localization (corresponding to d = 0.0 mm) is
nearly twice that required for propagation, and the difference between the two increases
with increasing hole diameter. A key conclusion is that the initiation event is expected
to control the notched strength of the center-hole specimens for all hole sizes. For sharp
notches (Figure 12(b)), the stress required for the onset of localization drops rapidly
with increasing notch size. As in the case of circular holes, the stress required for
propagation decreases only slightly with increasing notch size. Consequently, a
transition from initiation-controlled to propagation-controlled fracture is predicted to
occur, at a critical notch size that depends rather sensitively on the characteristic length
associated with initiation. For d = 0.5 mm, the transition occurs for a notch size of
~ 80 mm: an order of magnitude larger than the notch sizes used in the present
experiments. The transition shifts rapidly to larger values of notch size as the
characteristic length increases.

For the Nicalon/SiC, the strength of center-hole specimens is also dictated by the
onset of localization. Moreover, for sharply-notched geometries, the transition to
propagation-control would occur for even larger notch lengths, outside the range

relevant to realistic CMC components.

7. SUMMARY

The Nicalon-reinforced CMCs exhibit modest notch-sensitivity. Two factors

govern this behavior: (i) stress redistribution arising from inelastic straining, mitigating
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stress concentrations at the notch tip, and (ii) the volume-dependence of strength,
manifested in higher failure stresses and strains at the notch tip.

The onset of localization, marked by the formation of a bridged macroscopic
crack, coincides with the load maximum. The implication is that the onset of localization
is the critical event that governs strength (at least over the range of notch sizes and
shapes investigated here). Calculations for both initiation and propagation of the
localized band indicate that fracture of the center-hole geometries is expected to be
initiation-controlled for all hole sizes; in contrast, a transition to propagation-controlled
fracture is predicted for the sharply-notched geometries, at notch sizes of several 10’s or
100’s of mm.

The point stress criterion in combination with the computed stress distribution
(using the non-linear constitutive law) provides an accurate description of failure
initiation. The inferred characteristic length (~ 0.50 to 0.75 mm) is consistent with the
experimental data for all specimen sizes and notch shapes, and appears to be the same
for the two Nicalon-reinforced CMCs as well as other polymer- and ceramic-matrix
systems. This approach to failure prediction has the advantage of being relatively easy
to implement and calibrate. The characteristic length is believed to be associated with
the critical cluster of fiber breaks needed to initiate fiber bundle failure.

The probabilistic failure model is consistent with the experimental data on
specimens containing circular holes. The inferred Weibull moduli fall in the range
~ 15-40, comparable to values obtained from comparisons of tensile and flexural
strengths [27]. However, implementation of the model is more computationally-
intensive, requiring calculation of the full stress field in the structure along with
numerical integration over all volume elements to obtain the failure probability.
Moreover, in geometries containing sharp notches, the assumptions underlying
weakest-link scaling laws appear to be violated, because of the relatively large size of

the fundamental volume element. This causes the diminution in strength with notch
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sharpness to be much less than that expected from standard weakest link approaches.

The direct consequence is robust damage tolerance relative to monolithic ceramics.
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Table1l Summary of the statistical parameters used in the probabilistic model.

Material Shape Parameter, m | Reference Strength,

So (MPa) for Vo=1m3
Nicalon/SiC 10 94
15 115
20 128
Nicalon/MAS 20 224
26 241
40 264
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FIGURES

Figure 1

Figure 2

Microstructures of (a) Nicalon/MAS and (b) Nicalon/SiC, and (c) the
external surface of the Nicalon /SiC.

Schematic of the strain gauge configurations for specimens with (a) holes,
and (b) notches. The lines within the gauges indicate the direction of strain
measurement.

Figure 3 Unnotched tensile and shear behavior of (a) Nicalon/SiC and

Figure 4

Figure 5

Figure 6

Figure 7

Figure 8

Figure 9

(b) Nicalon/MAS.

(a) Effects of notch size, 2a, on strength. (b) Normalized strength for center-
hole specimens with a/w=0.2.

Strain distributions for (a) center-hole Nicalon/MAS (a/w = 0.2, 2w =12.7
mm), (b) double-edge notched Nicalon/MAS (a/w=0.2, 2w=38.1 mm) and
(c) center-hole Nicalon/SiC (a/w = 0.2, 2w = 25.4 mm). The solid circles in
(a) and (b) indicate the load maximum and attendant formation of a large

macroscopic crack.

Optical micrographs of a center-hole Nicalon/MAS specimen, illustrating
the formation of a macroscopic crack at remote stresses of (a) 208 MPa, (b)
209 MPa, and (c) 199 MPa (beyond the load maximum) (a/w = 0.2,
2w = 12.7 mm).

SEM micrographs of the fracture surfaces of (a) Nicalon/SiC (a/w = 0.2,
2w = 25.4 mm) and (b) Nicalon/MAS (a/w = 0.2, 2w = 12.7 mm). (c) Shear
cracking in outer ply of Nicalon/MAS.

Comparison of calculated stress-strain distributions with experimental data
for center-hole Nicalon/MAS specimens: (a) a/w = 0.2, 2w = 12.7 mm, and
(b) a/w =0.2, 2w = 25.4 mm. The solid lines are the predictions.

Comparisons of predicted strengths with experimental data, using the point
stress failure criterion: (a, b) Nicalon/SiC and (c, d) Nicalon/MAS. The solid
lines are the predictions.
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Figure 10 Comparisons of predicted strengths with experimental data, using the
probabilistic model: (a, b) Nicalon/SiC and (¢, d) Nicalon/MAS. The solid
lines are the predictions.

Figure 11 Stresses required for initiation and propagation of the localized band in
Nicalon/MAS, for (a) circular holes and (b) sharp notches.
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Figure 1

Microstructures of (a) Nicalon/MAS and (b) Nicalon/SiC, and (c) the
external surface of the Nicalon/SiC.
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Figure 2 Schematic of the strain gauge configurations for specimens with (a) holes,
and (b) notches. The lines within the gauges indicate the direction of strain
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Figure 3 Unnotched tensile and shear behavior of (a) Nicalon/SiC and
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Figure 4
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Figure 5
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2w=38.1 mm) and (c) center-hole Nicalon/SiC (a/w = 0.2,
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Figure 7

SEM micrographs of the fracture surfaces of (a) Nicalon/SiC (a/w = 0.2,
2w = 25.4 mm) and (b) Nicalon/MAS (a/w = 0.2, 2w = 12.7 mm). (c¢)
Shear cracking in outer ply of Nicalon/MAS.
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Figure 8 Comparison of calculated stress-strain distributions with experimental data
for center-hole Nicalon/MAS specimens: (a) a/w =0.2, 2w = 12.7 mm,
and (b) a/w = 0.2, 2w = 25.4 mm. The solid lines are the predictions.
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probabilistic model: (a, b) Nicalon/SiC and (c, d) Nicalon/MAS. The solid
lines are the predictions.
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Failure of a porous solid from a deep notch
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Abstract. A finite strain finite element method is used to examine the stress state
near the tip of a deep notch in an elastic-plastic porous solid. The notch is loaded
in mode | plane strain tension and small scale yielding is assumed. Two rate inde-
pendent strain hardening material models are used: a version of the Gurson model
[1] and the more recent FKM model developed by Fleck, Kuhn and McMeeking [2].
Under increasing K1, void growth is initially stable and independent of mesh dimen-
sion. Localization of plastic flow sets in at a finite value Kj;, and the deformation
field is mesh-size dependent thereafter. The initiation of crack growth at the notch
root is assumed to occur when a critical level of porosity is attained. The results
show that the shape of the plastic zone for both the Gurson and the FKM material
is highly dependent on the initial porosity. In the case of low initial porosity, the
plastic zone shape is similar to that of a fully dense material; at higher initial porosi-
ties the plastic zone is concentrated ahead of the notch tip. The effect of the initial
void volume fraction on the porosity field and the critical stress intensity factor is
studied, and the mesh-size dependence of the results is discussed. The analysis is
useful for prediction of the notched strength of porous metals.

1. Introduction

Sintered metals are used increasingly in the production of engineering
components due to the advantages which they offer in terms of the ease
of processing and mechanical properties. Complex shaped components
such as gears and cams can be made to near net final shape from
metallic powders. A characteristic feature of sintered materials is their
porosity, which ranges from zero up to 0.5. The porosity may be used
to advantage in gears and bearings by permitting the impregnation of
the material with a liquid or solid lubricant. When the part contains a
deep notch, failure may be by void growth from the notch root. Tensile
stresses at the notch root lead to void growth and coalescence: a crack
is nucleated. The main aim of the current paper is to develop a failure
criterion for the nucleation of cracking from a notch root. The finite

* On leave from Department of Mechanical Engineering, University of California,
Santa Barbara, CA 93106, U.S.A.
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element method is used to examine the notch tip stress and deformation
state in a porous solid.

The geometry of interest is shown in Fig.1. We consider a long notch
of initial tip radius §y/2 in a ductile porous solid. Mode I small scale
yielding conditions are assumed, whereby the remote elastic field is
characterised by the mode I stress intensity factor K;. We shall show
that under increasing Ky void growth is initially stable and independent
of mesh dimension. Localization of plastic flow sets in at a finite value
K;, and the deformation field is mesh-size dependent thereafter. The
criterion for the initiation of ductile crack growth is assumed to be the
attainment of a critical void volume fraction, f,. The results lead to
the prediction of a critical stress intensity factor K. as a function of
initial porosity.

In the present work two porous material models are studied: the
Gurson model [1] and the more recent FKM model developed by Fleck,
Kuhn and McMeeking [2]. The Gurson material model, which is appro-
priate for low porosities, considers the porous material as a plastic
matrix containing separated, spherical voids. In the limit of zero poros-
ity, the Gurson model reduces to J-flow theory. The FKM model
assumes that a porous material consists of spherical particles bonded
perfectly at isolated contacts. The FKM model is applicable at higher
porosities from about 0.10 up to the limit of dense random packing for
equi-sized spheres; at dense random packing the void volume fraction
f is 0.36.

The Gurson model has been used widely in the study of ductile frac-
ture. For example, Drugan & Miao [3]-[5] performed analytical analyses
of the stress distribution around both a stationary and a growing crack
tip for the case of a Gurson solid at fixed porosity. Other work on the
effects of porosity on crack fields in ductile metals has consisted mainly
of numerical studies, see for example Jagota et al. [6]; Aoki et al. [7]
and [8]; Needleman & Tvergaard [9]; and Aravas & McMeeking [10], all
using the Gurson model. Pan and co-workers [11]-[13] have studied the
crack tip stress fields and the plastic zones in pressure-sensitive materi-
als using both asymptotic methods and the finite element method. They
use a linear combination of the effective stress and the mean stress as
the yield criterion; no porosity parameter is involved explicitly in their
work in contrast to the treatment given below.

It is well-known that void growth leads to material softening and
to the phenomenon of strain localization. The localization is associat-
ed with local unloading of material elements and to a switch of the
governing field equations from elliptic to hyperbolic in nature. Post-
localization, the response is sensitive to mesh size with a coarser mesh
giving the stiffer response. In the current study, void growth is con-
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Failure of a porous solid from a deep notch 3

sidered to well past localization and the role of mesh size is explored.
We consider the geometry of a deep notch of initial opening dp and
root radius 8g/2 in order to set a length scale to the problem and to
introduce a finite stress concentration at the notch root. Localization
is expected to initiate at a finite value of K, independent of mesh size
provided the mesh is sufficiently fine in relation to . Subsequently,
deformation is localized within a band of thickness equal to the mesh
size, and the post-localization response is mesh-size dependent. In the
limit of a vanishing root radius, the notch becomes a crack and the
strain state at the crack tip is unbounded. Then, the smaller the mesh
the lower is the critical value of K corresponding to the onset of local-
ization.

2. Constitutive relations

The analysis is based on a convected co-ordinate Lagrangian formula-
tion of the field equations, in which g;; and G; are the metric tensors
in the reference configuration and the current configuration, respec-
tively, with determirants ¢ and G. The Lagrangian strain tensor is
i = %(Gij - gij) = %(Uz"j +u;; + uﬁ-uk,j) where u’ are the displace-
ment components on the reference base vectors, and ( ); denotes the
covariant derivatives in the reference frame. The contravariant compo-
nents of the Kirchhoff stress tensor, 7/, on the current base vectors are
related to the contravariant components of the Cauchy or true stress
tensor by 7%/ = /G/go%. The initial state is taken as the reference
configuration.

The strain increment is assumed to be the sum of the elastic and
plastic parts, 7;; = 775 + T']f;, where (°) denotes differentiation with
respect to a loading parameter. The elastic part of the strain is taken to
be small and therefore the elastic constitutive response is approximately
given by the hypoelastic relation

LV A sy .
0 9 = RIMGE = R (i — 7f) 1)
where the Jaumann (co-rotational) rate of the Cauchy stress tensor,

5 4 is related to the convected rate by
g 1j é.kl + 5{sza_]l + G]ko.zl + Gzlajk + GJlo,zk}ﬁkl (2)

The finite strain generalization of Budiansky (see Hutchinson, [14]) is
used

E

Rkl —
14+v

{3 (c*ci+ciei) + gich] (@)
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where E and v are Young’s modulus and Poisson’s ratio, respectively.
Equilibrium is enforced via the principle of virtual work

/ FisndV = / Ti§u;dS @)
1% S

with body forces neglected. Here V and S are the volume and the sur-
face of the body in the reference state. The components of the surface
tractions per unit area in the reference configuration on the reference
base vectors are given by

Té = (79 4 T ) (5)

with n; as the components of the surface normal in the reference state.
For time independent plasticity the resulting incremental constitu-
tive relations are of the form

# = L9, 0

The uniaxial true stress-logarithmic strain curve for the matrix mate-
rial in tension is represented by the piecewise power law

o/E o<oy _
={sler e "

Ty

where o, is the uniaxial yield stress and n is the strain hardening
exponent.
3. Porous material models

The yield surface for a porous material depends upon the stress state
o', the yield strength of the matrix ops and the void volume fraction
f; the yield function ® can be written in the form

®(o, 00, f) =0 (8)

3.1. GURSON MODEL

The Gurson model [1] assumes that porosity exists in the form of iso-
lated, spherical voids. In this study, an elastic-strain hardening plastic
version of the model is used. The yield surface is given by

2 k
_o ot 2 _
<I>—012W+2q1fcosh{2aM} (1+@n)=o0 9
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with the macroscopic effective Mises stress given by o, = (3s;;5%7/2)/2
in which s¥ = 0% — GYg}/3 is the stress deviator. The constants ¢
and ¢ are the Tvergaard adjustment factors [15]-[16] set to 1.5 and
1.0, respectively, in the present study. In the limit of zero porosity the
Gurson model reduces to Jo-flow theory.

3.2. FKM MODEL

The more recent FKM porous material model suggested by Fleck, Kuhn
and McMeeking [2] assumes that the material consists of spherical par-
ticles joined by discrete necks. The FKM model is applicable at higher
porosities from approximately 0.10 up to the limit of dense random
packing, taken to be that for equi-sized spheres, f = f = 0.36. The
yield surface is given by

2 2
50 2 5 Lok
= |——=+= —k) 1= 10
(Brevd) +(F52) -0 o
with R
py = 2.97(1 - f)?i‘fi—foM (11)

Fig.2 shows a comparison of the FKM yield surface and that of the Gur-
son model. The FKM yield surface contains a vertex on the hydrostatic
stress axis in (o, %a,’i) space. For numerical computation purposes, the
vertex is rounded off by a quadratic approximation to the yield surface
near the vertex as done by Fleck, Otoyo & Needleman [17].

3.3. BASIC POROUS MATERIAL EQUATIONS

A detailed discussion of the procedure for the Gurson material is given
by Tvergaard [18]; here, only a brief summary is reported. Since the
elastic deformations are small compared to the plastic deformations the
elastic contribution to the change in f with deformation is neglected.
The matrix material is plastically incompressible, and so the rate of
growth of the porosity is given by

f=0- NG (12)

The incremental relation between the effective plastic strain in the
matrix, ef,,, and the equivalent tensile yield strength of the matrix,
oM, is given by

, 1 1y.
&= (E - E) oM (13)
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where E, is the slope of the uniaxial true stress-logarithmic strain curve
for the matrix material. Here, ops and ef,, are viewed as spatial aver-
ages of the actual microscopic fields in the matrix material.

The plastic part of the strain increment is assumed to be

. 0d
i = A(T);Tj (14)

where A is the plastic multiplier and §®/00%/ gives the direction of
the plastic strain increment. Normality for the matrix material at the
microscopic level implies macroscopic normality for the porous aggre-
gate [19]-[20]. The macroscopic plastic work rate is equated with the
plastic work rate in the matrix material, giving

onE = F(flomély (15)

where F'(f) is the volume fraction of deforming material. In the Gurson
model F(f) = 1— f since all of the matrix material in the original model
is assumed to yield. An expression for F(f) in the FKM model is taken
from Fleck, Otoyo & Needleman [17] as

: 3/2
45 f-=f
F==22(1-/)? <——— ) 16
vt e (16)
Using (13) and (15}, the rate of the tensile equivalent flow stress in the
matrix material follows as

. EE, o7}

oM =

E-E F(flomu

(17)

Initiation of plastic yielding occurs when @ = 0 and & > 0. The consis-
tency condition for continued plastic flow, & = 0, is used to obtain an
expression for the plastic multiplier A, and thereby the plastic strain
increment,

. p 13@_(2?ka[

T = H o0 ook 7 (18)
with
_ (9%, . i, 0% EE o7 \ 0
H= (af(l NG+ 55— F(f)UM) aou  (19)

Upon substituting (18) into (1), the instantaneous moduli from (6)
are determined as
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Lijkl — Lijkl _ /,LMUMH (20)

where

Lik \/g{nijkl_ %(o_iijl+UjkGil+O_ilij+aleik)+Uiijl}
(21)

0 elastic unloading 0
- -1
2/ \/g [H + %Rrsklé%%] pla,stiC lOading ( )
and M is defined by
ij ije 02
MY = Riik 3ok (23)

4. Numerical method

The finite element mesh used for the calculations is shown in Fig.3a.
The mesh consists of 1718 nodes and 524 isoparametric eight-noded
elements. An enlargement of the near tip region is shown in Fig.3b. Due
to symmetry about the crack line, only half of the body is analysed, as
shown. The calculations for the porous material are carried out with
3x3 Gauss integration points in each element. The ratio between the
initial notch opening, &g, and the outer mesh radius, Ry, is 1/2500.
The reference state is represented by a Cartesian coordinate system
z'-z? and a state of plane-strain deformation is assumed. The origin
of the Cartesian frame is set at the center of the semi-circular notch
tip in Fig.3b. Numerical solutions are obtained by an incrementally
linear method. An approximate equilibrium state is fulfilled for the
current values of the stresses, o/, the strains, 74, etc.. By expanding
the principle of virtual work (4) about this known state, the equations
regarding the increments, &, 7, etc. are obtained. With body forces
neglected, the expansion of the principle of virtual work takes the form

1

/ {#n + riious; }av = f T $u,dS— [ / 4 misdV — / T*’éuids]
1% ’ s v s
(24)
The term in square brackets of (24) vanishes according to (4), if the
current state satisfies equilibrium. It is included here to prevent the
solution from drifting away from the true equilibrium state.
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The value of the parameter p in (20) is chosen at each material
point according to the state of the material in the previous increment.
This type of procedure gives good accuracy provided the increments
are sufficiently small (see for example Tvergaard: [21]).

Small-scale yielding conditions are assumed and the remote field is
the mode I K-field. The displacement boundary conditions imposed at
the outer semi-circular boundary are of the form

K 1—2v+ sin?8) cost
{“1}=—l(1+u) B 2 (25)
ug E 27 | (2 - 2v + cos?§) sing

where u; and u; are the Cartesian components of the displacement
vector and (r, 6) are polar co-ordinates as defined in Fig.3. K is the
mode I stress intensity factor. The remaining boundary conditions are

I I

T? = 0 on the crack surface

T!=0,u; =0 for 22 = 0,2! > (26)

do

1
2

5. Results

In a typical finite element calculation, the notched porous solid is load-
ed with an increasing K, and the evolution of stress state and porosity
is determined. Initially, at small values of K7, plastic deformation and
attendant void growth occur in a stable manner in the vicinity of the
notch root. In this regime the response is independent of mesh size for a
sufficiently refined mesh in relation to the notch opening &y. At a partic-
ular value of K7, termined K, localization of deformation with elastic
unloading initiates at some point in the mesh. Thereafter, material
loads within a narrow band near the notch root and adjacent material
unloads. The width of the band of continuing localized deformation
is set by the mesh size, and the post-localization reponse is thereby
mesh-size dependent. The initiation of ductile crack growth, which may
eventually lead to failure, is defined to occur when the porosity attains
a critical value, fnq.r = f. at any material point. This condition defines
the critical stress intensity factor, K., at which fracture begins by void
coalescence.

Both the Gurson model and the FKM model predict softening respons-
es which lead to mesh size dependence in the post-localization regime.
Needleman and Tvergaard [22] have discussed these mesh effects for
the Gurson model. Here, calculations are carried out for three different
meshes, lp/ép = 0.131, I/ = 0.087 and lp/dp = 0.052, where [ is the

art.tex; 26/05/1997; 18:42; no v.; p.8

246



Failure of a porous solid from a deep notch 9

initial height of the first element directly ahead of the notch tip. The
median mesh, lo/dp = 0.0873, is the one shown in Fig.3 and is used
in all calculations unless otherwise stated. The calculations are carried
out for a matrix material with o,/EF = 0.0025, v = 0.3 and strain
hardening exponent, n = 10.

The maximum porosity at any point within the mesh is plotted as
a function of stress intensity factor, Ky, for the three different meshes.
Results are given in Fig.4a for the Gurson solid (for an initial porosity
fo = 0.05) and in Fig.5a for the FKM solid (for an initial porosity fo =
0.14). For both material models the R-curves are insensitive to mesh
size prior to localization, but become strongly sensitive to mesh size
in the post-localization regime. After localization, void growth occurs
more easily in the fine mesh and the estimated fracture toughness value,
K., corresponding to frar = fo = 0.20, decreases with decreasing mesh
size, as shown in Figs. 4a and 5a. In the limit of vanishing mesh size we
would expect K, = K;. Thus, the value K serves as a useful measure
of the notch toughness.

For low initial porosities such as fo = 0.05, the Gurson solid is the
appropriate constitutive model and stable plastic void growth occurs
for a large range of K; localization sets in when the void volume frac-
tion has approximately doubled from its initial value. At higher initial
porosities, such as fp = 0.14, the FKM solid is appropriate; localization
occurs at a low level of K7 and the void volume fraction has increased
by about 10% above its initial value.

Typical plots of the plastic zone shape are shown in Fig.4b for the
Gurson solid, and in Fig.5b for the FKM solid. X is the horizontal
distance from the center of the semi-circular notch tip to a point of
interest, such as the plastic zone boundary. It is again evident that,
prior to localization, there is a negligible effect of mesh size on the
response. This is illustrated for the Gurson solid in Fig. 4b: the plastic
zone boundary is shown for K /0,18 = 11, labelled state C for the
coarse mesh and state D for the fine mesh. The plastic zone shape
is reminiscent of that for a plane strain mode I crack in a von Mises
solid. A similar insensitivity of results to mesh size prior to localization
is observed for the FKM solid, see Fig. 5b. Therein, the plastic zone
boundary is shown for K./c,/39 = 1.4, labelled state C for the coarse
mesh and state D for the fine mesh. For the FKM solid the plastic
zone is concentrated ahead of the notch tip; this is suggestive of a
plane stress Dugdale model of notch root plasticity. The difference in
shapes of plastic zone for the two material models is consistent with the
difference in shape of the yield surfaces. The FKM solid has a much
lower ratio of hydrostatic yield strength to deviatoric yield strength
compared with the Gurson solid, and high stress triaxiality is unable
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to develop ahead of the notch. Consequently, the plastic zone shape
is similar to that generated in a fully dense solid under plane stress
conditions. In contrast, the Gurson solid can support larger hydrostatic
stresses and the plastic zone shape is similar to that at the tip of a mode
I crack under plane strain conditions.

The plastic zone shapes at the onset of fracture (e.g. frnar = fo =
0.20) are included in Figs. 4b and 5b. The critical state is labelled A
for the coarse mesh (lo/dy = 0.131), and labelled B for the fine mesh
(lo/bo = 0.052), as cross-referenced on the R-curves of Figs. 4a and 5a.
For both constitutive descriptions, a larger value of K, and a larger
plastic zone size are exhibited by the coarser mesh. The localized strip
of plastic deforming material directly ahead of the notch tip has the
height of 2 integration points and extends a couple of notch openings
ahead of the notch.

The notch opening displacements are /8o = 1.244 and §/8¢ = 1.178
at points B and D in Fig. 4a, respectively, for the Gurson material with
low initial porosity. When the FKM model with high initial porosity
is used the notch opening displacement is §/8; = 1.017 in state B and
0/8p = 1.008 in state D in Fig. 5a.

The tensile stress component 65; is plotted as a function of distance
directly ahead of the notch for states B and D in Fig. 4c (Gurson
solid), and in Fig. 5¢ (FKM solid). Prior to localization (state B) the
stress distribution &,2 is similar to that for a blunted crack in a strain
hardening fully dense solid (Rice & Johnson [23], and McMeeking [24]).
The stress attains a peak value at a distance ahead of the notch of
approximately the notch root radius. At the later stages of loading,
when fior = 0.20 at state B, the stress peak has moved away from the
notch tip. Between the notch tip and the location of the stress peak
plastic deformation has localized and the stress level has decreased due
to void growth. The unstable nature of the void growth within the
band is clear from the highly localized contours of porosity as shown
for the fine mesh at f,,, = f. = 0.20 in Figs. 4d and 5d. The highly
local void growth at the notch root is consistent with the predictions of
Aravas & McMeeking [10], who examined the rupture of the ligament
between a blunt crack and a neighbouring void. In reality an additional
material length scale is involved, in the form of the finite spacing of
void-nucleating particles, such as carbide particles in steels. In order
to model this feature an additional length scale is required within the
constitutive description, for example by the addition of a cohesive zone
ahead of the notch tip, as implemented by Tvergaard & Hutchinson
[25], or by use of a non-local plasticity law, see for example Fleck &
Hutchinson [26)].
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A comparison of the plastic zones for the two material models is
given in Fig.6. In both cases, the initial porosity is fo = 0.09 and
the critical porosity, f. = 0.20 has been attained. The medium mesh
(lo/80 = 0.087) is used. The plastic zone of the FKM model is concen-
trated near the notch tip and the critical stress intensity factor is much
lower than in the Gurson material case. When the critical porosity is
attained, the Gurson model predicts a critical stress intensity factor of
K./o,\/8 = 9.78 which is approximately twice that of the FKM model
(K./0y\/0 = 4.20). The size of the plastic zone of the Gurson model is
also much larger than that of the FKM model. These differences may be
explained in broad terms as follows. For a void volume fraction in the
range 0.1 to 0.2, the FKM solid has a much lower ratio of hydrostatic
strength to deviatoric strength than that of the Gurson solid. Also, the
FKM solid softens more rapidly with increasing porosity. Consequently,
the FKM solid is unable to support significant hydrostatic stresses and
the usual plane strain plastic zone is unable to develop.

The stress intensity factor for the initiation of localization K; and
the critical stress intensity factor K, for the initiation of ductile crack
growth are both highly dependent on the initial porosity as shown
in Fig.7a. On the other hand, the assumed value of critical porosity
has lesser effect on the magnitude of K, : numerical experimentation
revealed that an increase in f, from 0.2 to 0.3 resulted in an increase
of K. by a few percent. We emphasize that predictions of K; are not
strongly dependent of the mesh but predictions of K, are sensitive to
the ratio of mesh size to initial notch opening. The results shown in
Fig. 7 pertain to lo/dp = 0.087. As mentioned above, the Gurson model
is the more realistic model at low porosities and the FKM model is
more appropriate at higher porosities. The lowest initial porosity used
with the FKM model is 0.09. At initial porosities higher than 0.10 the
values of K; and K, for the Gurson model lie approximately a factor
of two above those for the FKM model.

6. Discussion

It is clear that the deformation response becomes mesh size dependent
at the onset of localization. It is suggested that the stress intensity
factor K; at localization is a useful measure of notch toughness, since
it is sligthly conservative, K; < K., and is not strongly mesh dependent.

So far, the mesh size has been considered to be a modelling arti-
fact with no physical significance. An alternative strategy is to assume
that the mesh size is an approximate measure of the particle size of a
sintered solid, and that material response depends upon this internal
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material length scale. Results for different mesh sizes are then ascribed
a physical significance: results for a large mesh are representative of
the behaviour of a sintered solid containing large particles, and results
for a fine mesh apply to a sintered solid containing fine particles. The
fracture toughness of a sintered solid containing a sharp crack would
then scale with the particle size.

With the chosen critical porosity criterion for initiation of ductile
crack growth, the Gurson and FKM constitutive laws predict quite
different plastic zones and critical stress intensity factors. The plastic
zones predicted by the Gurson model are much larger than those pre-
dicted by the FKM model partly due to the larger value of the stress
intensity factor when the critical porosity is attained. The FKM solid is
unable to support large hydrostatic stresses and thus, the usual plane
strain plastic zone is unable to develop. However, the material models
are based on different assumptions and are valid for different ranges of
porosity. The FKM model is thought to be valid for porosity f in the
range 0.1 to 0.35, and the Gurson model is realistic for f < 0.1.

Despite the obvious difference between the material models, it has
been shown that the shape and size of the plastic zone in general is
highly dependent on the initial porosity of the material. In the case of
low initial porosity, the shape of the plastic zone is quite similar to that
of a crack tip field in a fully dense material except directly adjacent to
the notch tip where the increase in porosity causes stress relaxation.
At higher initial porosities, the plastic zone is small and concentrated
ahead of the notch tip.

The maximum porosity in the present study is always located on the
horizontal line ahead of the notch tip, independent of the initial poros-
ity. In the Gurson case with low initial porosity, the growth in porosity
>0.01 at K = K is concentrated around the notch tip and occurs in a
small region within a large plastic zone. On the other hand, in the case
of high initial porosity using the FKM model the region over which
porosity has increased by more than 0.01 at K = K; occupies about
half of the plasic zone. It has been shown that the computed critical
stress intensity factor is highly dependent on the initial porosity and
less dependent on the choice of the magnitude of the critical porosity.
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Figure captions

Figure 1. The small scale yielding problem for a long blunted notch in a porous
solid. The area around the notch tip is shown enlarged to show the finite notch root
radius %60.

Figure 2. Comparison of the yield surfaces for the Gurson model and the FKM
model.

Figure 3. Finite element mesh in initial configuration (medium mesh, lp /8o = 0.087):
{a) full mesh, and (b) enlarged near tip region of mesh.

Figure 4. Results for the Gurson model with the initial porosity fo = 0.05. (a) The
stress intensity factor, K, as a function of the maximum porosity for three different
meshes, lo /8o = 0.131, lo /8o = 0.0.087 and lp /§o = 0.052. The onset of localization
is marked for each mesh. {b) The plastic zone boundary at fmar = 0.2 for the coarse
mesh (state A) and for the fine mesh (state B) post-localization, and at fmas = 0.08
for the coarse mesh (state C) and for the fine mesh (state D) pre-localization. (c)
The tensile stress directly ahead of the notch 622 normalised by the yield stress gy,
as a function of the initial horizontal distance from the center of the semi-circular
notch tip Xo, for states B and D. .

Figure 5. Results for the FKM model with the initial porosity fo = 0.14. (a) The
stress intensity factor, Kr, as a function of the maximum porosity for three different
meshes, lo/d0 = 0.131, lo/do = 0.0.087 and lo/do = 0.052. The onset of localization
is marked for each mesh. (b) The plastic zone boundary at fra- = 0.2 for the coarse
mesh (state A) and for the fine mesh (state B) post-localization, and at fmer = 0.142
for the coarse mesh (state C) and for the fine mesh (state D) pre-localization. (c)
The tensile stress directly ahead of the notch &2; normalised by the yield stress oy,
as a function of the initial horizontal distance from the center of the semi-circular
notch tip Xo, for states B and D.

Figure 6. Comparison of the plastic zones from the FKM model and the Gurson
model with the same initial porosity, fo = 0.09, and the same critical porosity,
fe = 0.20. (2) full size of both plastic zones, and (b) an enlargement of the near tip
region.
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Figure 7. The normalized stress intensity factor for the initiation of localization X;
and the critical stress intensity factor K. (f. = 0.20) as functions of initial porosity,

fo.
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Introduction

Fiber-reinforced ceramic matrix composites (CMCs) have a major advantage over monolithic ceramics
in that they fail in a noncatastrophic manner because of their ability to redistribute stress through
inelastic straining and hence retain good strength in the presence of holes and notches [1,2]. Previous
studies have addressed issues related to the tensile stress-strain characteristics [2-4] and the effects of
notches on tensile strength in a variety of CMCs [5-8]. In the vast majority of experimental studies of
notch strength, tests have been performed on relatively narrow specimens with correspondingly short
notches (typically several mm). Consequently, the measured properties may not be fully representative
of large engineering structures. A complementary approach to assessing notch-sensitivity involves the
use of fracture mechanics tests to obtain the fracture resistance. Arguably, this approach is more
relevant to failure prediction of structures containing either large notches or cracks.

The specific objective of the present study was to evaluate the effect of notch root radius on the
initiation toughness of a commercial C-fiber/SiC-matrix composite. Previous studies on monolithic
metallic materials and metal matrix composites have shown that the initiation toughness is independent
of the notch root radius, p, below a critical value of p, because of the blunting that occurs before the
crack extends. Beyond this critical value, the initiation toughness increases approximately linearly with
p [9-12]. The latter trend can be rationalized on the basis of the increasing volume of material that
participates in the plastic deformation ahead of the notch. The critical radius, p,, provides insight into
both the intrinsic fracture and deformation characteristics of the material as well as guidance in selecting
notch geometries for subsequent evaluation of fracture resistance.

Experimental Procedure

The material used in the present study was a commercial C-fiber/SiC-matrix composite, made by a
chemical vapor infiltration. The fibers were in a 0°/90° plain weave architecture. The fibers were 8 um
in diameter, with a fiber volume fraction of 0.40. The composite was in the form of a plate with 0.3 cm
thickness.
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Figure 1. Tensile stress-strain response of the C/SiC composite. The effective yield stress was determined from the intersection
of the two dotted lines.

A J-integral approach was used to characterize the crack initiation toughness. Measurements were
made using standard compact tension specimens, with the notch oriented perpendicular to one of the
fiber axes. The root radius was varied from 50-900 um. At each loading point, the instantaneous J and
crack extension, Aa, were calculated, in accordance with ASTM Standard E-813. In some instances, the
cracked specimens were examined in a scanning electron microscope (SEM). Additionally, a uniaxial
tension test was performed using a standard dog-bone geometry in order to determine the Young’s
modulus and the extent of inelastic deformation.

Results

The tensile stress-strain curve is shown in Fig. 1. The curve exhibits nonlinearity at a stress of about
100 MPa and, upon further loading, becomes linear with a reduced tangent modulus. For the purpose
of subsequent analysis of the J-R curve, the effective “yield stress” of the material is taken as the stress
at which the two linear portions of the curve intersect, as shown in Fig. 1. Following this approach, the
yield stress is found to be o,~150 MPa.

The J-Aa curve exhibits characteristics similar to those of metal alloys, including an initial linear
portion (associated with crack tip blunting due to inelastic straining), followed by a nonlinear portion
at higher values of Aa (Fig. 2). In view of the fact that the inelastic straining process involves matrix
cracking and fiber pullout (not dislocation plasticity), the blunting line was constructed by performing
a linear regression analysis of the linear portion of the J-Aa curve (as opposed to the usual line of slope
20,). The slope of this line was 33 MPa: about an order of magnitude lower than the value expected
on the basis of dislocation plasticity (20, ~ 300 MPa). The exclusions lines were plotted parallel to the
blunting line, in accordance with the standard procedures. The candidate initiation toughness, Jo» Was
then evaluated from the intersection of the 0.2 mm offset line with the curve that had been obtained by
fitting the J-Aa data contained within the relevant exclusion lines. It is recognized that the standards do
not strictly apply to ceramic composites and thus the J, values do not necessarily constitute valid J;c
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Figure 2. Typical J-Aa curve, showing the onset of non-linearity and the construction of the 0.2 mm offset line.

measurements. Nevertheless, since the values were obtained in the same manner on each of the test
specimens, the results are expected to provide a useful characterization of the effects of notch root
radius on the initiation toughness.

The trend in the initiation toughness with notch root radius, p, is plotted in Fig. 3. The toughness
appears to be independent of the radius for p = 200 wm, but subsequently increases linearly with p. This
behavior closely resembles that seen in monolithic metals [9], particulate metal-matrix composites [10]
and fiber-reinforced metals [12]. Previously, it has been rationalized on the basis that crack blunting
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Figure 3. Effects of notch root radius on the initiation toughness.
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Figure 4. SEM micrograph showing fiber puliout on the fracture surface.

occurs prior to crack extension and, for sharp notches (p<<p,), the critical amount of blunting
corresponds to p=p,.

SEM examinations of the fracture surfaces revealed the prototypical characteristics of “tough”
fiber-reinforced CMCs, notably, extensive fiber pullout in the longitudinal fiber bundles (Fig. 4). The
average pullout length has been estimated to be roughly 200 um.

Discussion

Although the J-Aa curve for the C/SiC composite exhibits features similar to those for monolithic
metals, there appears to be a large discrepancy between the initial measured slope and the one predicted
on the basis of dislocation plasticity. Notably, in metals, crack blunting gives rise to an effective
increase in crack extension, given by Aa=p_/2, as illustrated in Figs. 5(a) and (b). Recognizing that
J=~p,0, for p<p,, the slope of the J-Aa curve is predicted to be 20,. In contrast, in the C/SiC composite,
the apparent crack extension that is inferred from the compliance measurements is associated with the
development of a bridged crack, as illustrated schematically in Fig. 5(c). In this case, the crack
extension is expected to vary as Aa=~ap,_, where « is a numerical coefficient (>1/2), and consequently
the slope of the J-Aa curve is predicted to be o,/a. Comparison with the measured slope yields a~5:
an order of magnitude larger than the value associated with metals. This difference is plausible since

I
>.: (a) Initial sharp notch

(b) Crack blunting

3 I Aa=3/2 due to plasticity
!
! (c) "Crack blunting" in
8 fiber-reinforced ceramic
| composite
[ Aa

Figure 5. Schematic showing the differences in the crack blunting processes in metals and in fiber-reinforced ceramic composites
and their manifestations in terms of the connections between the crack extension, Aa, and the crack tip opening displacement, .
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the requirements of compatibility and multiple slip in metals restrict the COD for a given energy
dissipation, whereas no such constraints exist in the CMCs.

At the most rudimentary level, the magnitude of the initiation toughness in the regime p<p, can be
rationalized in the following way. Crack extension is envisaged to occur in two steps. In the first, a
diffuse array of matrix cracks is formed ahead of the notch. These cracks dissipate energy and allow for
some blunting of the crack tip. At a critical level of local strain or stress, the longitudinal fiber bundles
fail along or near one of the matrix cracks, leading to the formation of a macroscopic crack that is
bridged by broken fibers. Accordingly, the energy dissipation can be partitioned into two components:
(i) the energy due to the formation of multiple matrix cracks around the notch tip and the associated
interfacial debonding and sliding, and (ii) frictional energy associated with fiber pullout following fiber
bundle failure. The former contribution is expected to be =2 p, o; € where oy is the tensile fracture
stress (~300 MPa) and ¢ is the fracture strain (~0.6%). The estimated value is J ~700 J/m*: only 1/30
of the measured value (=20 kJ/m?). The latter contribution is calculated from a shear lag analysis of
a single broken fiber. Following complete pullout of the fiber, the dissipated energy is predicted to be
f 712/R, where 7 is the interface sliding stress and 1 is the average pullout length. Taking 1~200 um and
estimating the sliding stress to be in the range of ~5-10 MPa yields a fracture energy of ~20-40
kJ/m?: comparable to the measured value. These estimates indicate that the dominant energy absorption
mechanism is the one involving pullout of broken fibers following fiber bundle failure.

Interestingly, the critical notch tip radius, p, =~ 200 pm, is of the same order as the average fiber
pullout length. This correlation suggests that the apparent crack tip blunting obtained from the J tests
is accommodated by the formation and opening of the macroscopic crack, not by the inelastic strain
associated with multiple matrix cracking prior to the formation of the macroscopic crack. In metals, the
critical notch root radius is associated with a process zone size connected to the extent of the plastic
zone for small-scale yielding, ie. J-dominant behavior. The present results suggest that, for ceramic
matrix composites, an analogous process zone size can be associated with the extent of the crack-
bridging zone for small-scale bridging. Evidently, for large-scale bridging, the methodology would be
inapplicable.
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ABSTRACT

The stress rupture characteristics of an enhanced Nicalon™/SiC composite at
900°C have been examined. This temperature has been identified as being in the
regime wherein oxidation embrittlement is operative. The enhancement of the
composite involves the use of a coating around the fiber tows, comprising a C rich
matrix and B-containing particulates. The efficacy of this oxidation protection
scheme has been evaluated by comparing the stress rupture characteristics with
those of both Nicalon™ /SiC composites without the enhancement and the fibers
alone. Such comparisons indicate that a substantial portion of the strength loss is
attributable to a degradation of the fibers, and that the performance of the enhanced
material is marginally better than that of the reference (non-enhanced) composite.
Moreover at stress levels greater than the matrix cracking limit, oxidation
embrittlement occurs rapidly and the rupture times (several hours) are short in
relation to the targeted service lives of most ceramic composite components. The
mechanisms associated with the embrittlement have been identified using scanning

electron microscopy and Auger spectroscopy.
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1. INTRODUCTION

Oxidation embrittlement represents one of the most crucial problems
limiting the long term performance of SiC-based ceramic matrix composites (CMCs).
The embrittlement involves oxygen ingress through matrix cracks and the
subsequent reaction of the oxygen with the fiber coatings, the fibers and the matrix.
It occurs as a pest phenomenon, being worst at intermediate temperatures. At
higher temperatures, oxidation products that form near the external surfaces seal
the matrix cracks and inhibit further oxygen ingress; at lower temperatures, the rate
of embrittlement is limited by the kinetics of the oxidation reactions [1-3]. The pest
phenomenon has been reported to occur in a number of SiC-based CMCs in the
temperature range ~500-900°C [1-14]: considerably lower than the targeted service
temperatures of ~ 1100-1200°C.

Two strategies for inhibiting the rate of embrittlement have béen pursued.
The first deals with the development of fiber coatings that oxidize to form a
protective layer and inhibit further oxidation of either the fiber coatings or the
fibers. One such coating is BN, which oxidizes to form B»O3 [15-19]. The second
involves the use of surface coatings and matrix additives, typically made from
various combinations of C, Si and B, which oxidize to form a glass that subsequently
seals the cracks. This approach has been used extensively in C/C composites [20-23].
A similar approach is being employed in the SiC-based CMCs, using a C-B coating on
the fiber tows, in an effort to mitigate the pesting phenomenon.

The present article focuses on a commercial SiC-based CMC which utilizes the
latter approach to oxidation protection. Notably, it utilizes a C-B mixture that reacts
to form a glass at elevated temperatures. To assess the efficacy of this approach,
experiments are performed to evaluate the stress rupture characteristics at an

intermediate (pesting) temperature. Comparisons are made with the embrittlement
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characteristics of other SiC-based CMCs as well as the strength degradation of the
fibers alone. Changes in microstructure are characterized through a combination of
scanning electron microscopy and Auger spectroscopy. The observations and
measurements are used to infer qualitatively the extent of degradation associated

with the various embrittlement mechanisms.

2. MATERIAL

The material used in this study was a commercially-available "enhanced"
SiC/Nicalon™ composite’, shown in Fig. 1. The enhancement involves the
addition of a C-B mixture that reacts with the oxygen and silicon to form a low
melting point glass. The composite was reinforced with ceramic grade Nicalon™
fibers* in a plain weave architecture. The "matrix" constituents were determined
using scanning Auger microscopy (SAM)?, detailed below.

The SAM analyses were performed under ultra-high vacuum conditions
with a base pressure of <1 x 10 torr. The samples were sputtered with Ar ions
incident at an accelerating voltage, V = 3 keV, and a probe current, I 220 nA, over a
nominal area of 100 um x 100 pm. The Auger spectra were collected at an
accelerating voltage of either 3 or 10 keV and a current of 100nA. The system had a
0.6% resolution, calibrated to the Cu LMM transition at 914 eV, V = 10 keV and
I=10nA. Survey scans were performed for kinetic energies ranging from 50 to
700 eV. Atomic concentrations, Cx, were determined for each of N constituents from

[24].

* Produced by DuPont Lanxide Composites, Inc., Newark, DE
# Produced by Nippon Carbon Company, Ltd., Tokyo, Japan
} PHI Instruments, Model 660
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* Sxdx a=] S(Xd(l

where I is the peak-to-peak Auger amplitude for element x, Sy is the relative
sensitivity factor referenced to the Ag MNN transition at 351 eV, and dy is a relative
scale factor to account for the primary beam current, modulation energy, and lock-in
amplifier sensitivity. No corrections were made to account for chemical effects on
peak shapes and interactions of chemical species. Qualitative information relating to
chemical bonding was determined by examining the Auger fine structure, wherein
peak shifts and changes in peak shape are related to changes in valence state or
density-of-states information [8, 25-29].

The matrix consists of four distinct phases. The regions surrounding the fiber
tows are comprised of a C-rich matrix (> 98%) with a dispersion of fine particulates,
determined from SAM analysis to be rich in B (Fig. 2). Based on the distribution of
this mixture, it was evident that the individual Nicalon™ cloths had been coated
with the C-B mixture prior to consolidation. The coated cloths were subsequently
stacked and coated with a C layer, ~ 0.7 pm thick, by chemical vapor infiltration
(CVI). The C is present both around the C-B mixture as well as on the fibers
embedded within the tows, but not on the fibers situated at the periphery of the
tows. This was followed by deposition of SiC, also by CVI, to produce the remainder
of the matrix. The SiC is present within the tows as relatively thin layers, ~0.5-1 um,
around the fibers and around the cloths as a thicker layer, ~ 50 pm. The pathways for
the ingress of the CVI gas into the tows are pinched off by the surrounding SiC,
precluding the full densification of the SiC within the tows. Large pores also exist
between the fiber tows, a result of the plain weave layup. The composition of the
Nicalon™ fibers was determined by Auger spectroscopy to be 35.5% Si, 55% C and

9.5% O, in accord with previous measurements [28-30].
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3. TESTING PROCEDURES

Mechanical tests were performed on flat dog-bone shaped tensile coupons,
with a gauge section 75 mm long and 10 mm wide. Following machining, the
coupons were coated with an additional SiC sealcoat by CVI, ostensibly to protect the
fibers that had been exposed by cutting. The sealcoat is evident on the left side of
Fig. 1(a).

Two types of tests were performed. The first was a monotonic tension test in
which the specimen was subjected to a temperature gradient along its length. Such
tests have been shown to clearly demonstrate the pesting phenomenon in other
CMCs as well as to identify the pest regime [4]. Strictly, the pest temperature obtained
from such a test is expected to depend upon the loading rate, because of the kinetic
nature of the embrittling phenomenon. However, loading rate effects were not
examined in the present study. The peak temperature was targeted at 900-950°C, and
the minimum temperature at ~600°C. The peak temperature exceeds the
temperatures associated with pesting in other SiC-based CMCs (500-850°C), but
lower than that required to cause substantial creep deformation of the fibers
(~ 1000-1100°C) [31-32]. The tests were performed at a rate of 0.074 MPa min-1. The
temperature at the location of fracture from two such tests was determined to be
900 £ 20°C (comparable to the peak temperature). Subsequent tests were performed
with a uniform temperature of 900°C under fixed loading conditions until fracture.
Several stress levels were employed in order to construct a stress rupture curve. For
comparison, tension tests were also performed at ambient temperature, with
periodic unloadings to measure hysteresis.

Following testing, the fractured specimens were examined in a scanning

electron microscope. In some instances, the specimens were split longitudinally and
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examined in the SAM. Upon splitting, the specimens failed along or near the fiber

surfaces, exposing the oxidation products formed during testing.

4. MEASUREMENTS AND OBSERVATIONS

Figure 3 shows the tensile stress-strain response of the composite at ambient
temperature. Matrix cracking initiates at a stress of ~ 60-70 MPa. The cracking leads
to a reduction in modulus, as manifested in the slopes of the hysteresis loops, and

the development of a small amount of permanent strain (up to ~ 0.05%). However,

the loops appear narrow in relation to those measured on other CMCs [33], implying

that minimal interfacial debonding and sliding occurs during loading. Indeed,
examination of a fractured specimen reveals that the SiC sealcoat and the thick SiC
layers around the bundles are cracked, though the cracks do not appear to penetrate
past the C/particulate coating into the fiber tows (Fig. 4). In the absence of cracks
within the bundles, sliding does not occur along the fiber-matrix interfaces within
the tows, though it may occur to some extent along the C-B coating. This
observation is consistent with the narrow hysteresis loops. The progressive
reduction in elastic modulus with increasing stress is presumably a result of an
increasing density of cracks within the SiC matrix.

Typical fracture surfaces from a room temperature test are shown in Fig. 5.
Fracture of the longitudinal tows is characterized by relatively large amounts of
pullout along with fragmentation and spalling of both the C and SiC layers within
the tows (Fig. 5(a)). The fiber fracture surfaces exhibit the classical
mirror-mist-hackle appearance. The transverse tows generally fail through the C

coating, with extensive fragmentation of the coatings and some fiber fracture

(Fig. 5())-
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The stress rupture curve for 900°C is shown in Fig. 6. There appears to be a
threshold, corresponding to the matrix cracking stress, below which the failure time
is long (> 100h). Above this stress, the failure time diminishes rapidly with
increasing stress. Evidently the degradation is suppressed if the oxygen is not
allowed to diffuse into the composite along easy paths such as matrix cracks, but
occurs rapidly once the cracks are formed.

Typical fracture surfaces of specimens that failed at times in the range ~ 4-77h
are shown in Figs. 7 and 8. Over this range, the fracture surfaces were similar to one
another, with the exceptions noted below. Within the fiber bundles, the C coating
had been eliminated, presumably through its reaction with oxygen to form CO/CO;
gas, creating gaps between the fibers and the surrounding SiC (Fig. 7(b)). There was
also evidence of the formation of SiO; on the fibers. In some instances, neighboring
fibers had been bonded together by the SiO»; in others, the fibers had bonded to the
surrounding SiC. The fiber fracture surfaces were generally very flat and featureless,
suggesting a low fracture stress. In addition, the pullout lengths were considerably
smaller than those at room temperature. The latter result is somewhat unexpected,
since the absence of the C coating and the attendant loss in frictional coupling
between the fibers and the matrix would suggest that the pullout lengths should
increase. This seeming discrepancy is attributed to the bonding produced by the SiO»,
promoting the formation of contiguous cracks comprising several fibers. Clearly,
this form of degradation can only occur within a composite and would not be
manifested in the strength reduction of the fibers alone. Similar observations were
made on both the tows situated near the external surfaces and those situated near
the specimen center.

The regions at the periphery of the tows exhibited different characteristics.
Once matrix cracks had formed, the C-B mixture reacted with both the available

oxygen and Si (from either SiO; or SiO gas) to form a low melting point glass (Fig. 8).
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Based on the constituents present, this is probably a borosilicate glass. The glass was
evident along the fracture surface of the SiC. It is expected that the glass inhibits
oxygen ingress into the tows along matrix cracks, though the loss of C within the
bundles indicates that it is not suppressed altogether. For long exposure times, the
entire C-B mixture was consumed and replaced by a relatively thick glass layer.

Fig. 8(b) shows an example of fibers at the tow periphery that had been completely
covered by the glass. In other regions of the periphery, fiber failure occurred in a
brittle, co-planar fashion with no pullout and the surfaces of the fractured fibers
were covered with a thin layer of the glass (Fig. 9(c)). The extent of glass formation
appeared to be somewhat greater around the tows situated near the external
surfaces, where the oxygen could penetrate more readily, and in specimens tested to
longer failure times. However, the extent of oxidation appeared to be
inhomogeneous, varying from one tow to the next. This may be due to the
inhomogeneity in the distribution and thickness of the C-B mixture.

The co-planar fiber breaks at the bundle periphery may be attributed to a
deleterious reaction of the fibers with the glass. Previous studies on SiC have shown
that oxidation rates can be increased substantially in the presence of silicate glass
relative to that in air [34]. The increase is due to the reduction in the viscosity of the
silicate passivation layer and the corresponding reduction in its effectiveness as a
diffusion barrier.

Additional evidence of oxide formation was obtained from Auger analysis
performed on fiber surfaces that had been exposed by splitting the specimens
longitudirially. The evolution of the Auger fine structures near the Si and O peaks
during depth profiling are shown in Fig. 9. The Auger transition signal for Si
bonded in SiO; occurs at a substantially lower kinetic energy than that of unoxidized
Si or of Si in SiC, thereby allowing SiO3 to be distinguished from SiC. The Si peak
associated with SiO» (at ~ 62 eV) also contributes to a broadening of the Si-LMM
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transition at ~ 92 eV. Figure 9(a) shows that the SiO; content decreases with
increasing sputtering time, as manifested in a reduction in the SiO; peak and a more
pronounced Si-LMM peak. The Auger fine structure for oxygen (Fig. 10(b)) provides
corroborating evidence, as the O-KLL transition at ~ 510 eV is most prominent at
lower sputtering times, indicating a higher oxygen concentration near the surface.
After five minutes of sputtering, the Auger spectrum was essentially the same as

that of bulk Nicalon™.

5, DISCUSSION

Numerous oxidation and degradation processes occur concurrently during
stress rupture of the enhanced Nicalon™/SiC composite. The processes include:

(i) cracking of the SiC sealcoat and the SiC around the fiber tows, leading to ingress
of oxygen; (ii) oxidation of the C-B mixture in the presence of oxygen and Si to form
a borosilicate glass, possibly sealing cracks and thus inhibiting (but not preventing)
further oxygen ingress into the tows; (iii) penetration of oxygen into the fiber tows
through the matrix cracks and the internal pores, leading to oxidation of the C
coatings and the formation of gaps between the fibers and the surrounding SiC
matrix; (iv) the formation of 5iO; on the fibers, in some instances causing the fibers
to bond to one another or to the SiC matrix; and (v) the interaction of the
borosilicate glass with the fibers at the tow periphery, leading to an acceleration in
the oxidation rate of the fibers and a degradation in their strength.

An attempt to assess the efficacy of the C/particulate coating in inhibiting
oxidation embrittlement was made by comparing the measured stress rupture
behavior with previous results both on Nicalon™/SiC composites without the B-C
mixture and on the fibers alone. Nicalon™ fibers are known to degrade at elevated

temperature, reportedly because of grain growth and the formation of a surface
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oxide scale, and, at sufficiently high temperatures (2 1200°C), the formation of CO
and SiO bubbles near the fiber surface. Kim and Moorhead [35] measured the
strength degradation by heating the fibers in air in the absence of stress and
subsequently measuring the fiber strengths at room temperature. Interestingly, the
results for exposure temperatures of 800 and 1000°C (spanning the test temperature
of 900°C used in the present study) were essentially the same at both temperatures.

Figure 10 shows a comparison between the strength degradation of the fibers
and the present composite. For the purpose of this comparison, the stresses have
been normalized by the respective pristine tensile strengths at ambient temperature.
Evidently the composite degrades more rapidly than the fibers alone. Moreover, it
appears that roughly half of the composite strength degradation can be attributed to
the degradation of the fibers alone in the presence of air.

Figure 10 also shows comparisons with the reported stress rupture behavior
of a unidirectional Nicalon™/SiC minicomposite containing similar C coatings on
the fibers, measured at 700°C [14]. These results also have been normalized by the
respective tensile strength at room temperature. The minicomposites exhibit a
comparable reduction in strength to that of the enhanced CMC, despite the
substantially lower test temperature (700 vs. 900°C). A similar trend in degradation
has been observed in a woven Nicalon™/SiC CMC (without the C-B mixture) at a
temperature of 800°C [10].

Several inferences can be drawn from these comparisons. First, the
degradation of the fibers represents a significant fraction of the strength loss of the
composites. Second, the composites degrade more rapidly than the fibers alone,
indicating that additional degradation mechanisms are operative. Finally, the
enhanced material exhibits a higher temperature capability than Nicalon™ /SiC

CMCs with C coatings alone (at least in terms of the temperature regime in which
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the pesting phenomenon is most acute), possibly because of the presence of the

additional C-B mixture.

6. CONCLUDING REMARKS

Stress rupture of the enhanced Nicalon™/SiC composite at 900°C involves
numerous oxidation and degradation processes that operate concurrently. The
presence of the C-B mixture around the fiber bundles appears to inhibit oxygen
ingress into the tows along mixture cracks. However, once the glass comes into
contact with the fibers, it compromises the efficacy of the SiO; passivation layer on
the fibers.

At stresses above the matrix cracking limit, the rupture times are extremely
short in relation to the targeted service lives of most CMC components (~ 103-104 h).
This deficiency may preclude the use of these materials for long-term applications.
Alternatively, it may require the design stresses to be maintained below the matrix
cracking limit. The latter approach is expected to yield very conservative designs
with currently available CMCs, not fully exploiting their inelastic deformation
capabilities. If such an approach were adopted, it would require materials with a
high matrix cracking stress. The CVI CMCs are not optimal in this regard, because of
the presence of large irfegular pores that concentrate stress and promote matrix
cracking at low levels of stress. Materials with nearly fully dense matrices, made, for

example, by melt infiltration, would be preferred.
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FIGURE CAPTIONS

Fig.1  Cross section of the composite: (a) at low magnifications, showing the fiber
architecture and the porosity between the fiber bundles; backscattered
images at higher magnifications, showing (b) the mixture of C and
B-containing particulates surrounding a fiber bundle and (c) the interior of
the fiber bundle with uniform layers of C (dark) and SiC (light).

Fig.2  Auger spectra obtained from the particulates.
Fig.3  Hysteresis loops measured at ambient temperature.

Fig.4 Longitudinal section through specimen tested at ambient temperature,
showing cracks emanating from the SiC matrix but not penetrating into the
fiber bundles. The specimen had been subjected to the loading shown in
Fig. 3.

Fig.5  Fracture surface of specimen tested at ambient temperature:
(a) longitudinal tow, showing fiber-pullout and coating fragmentation;
(b) transverse tow.

Fig.6  Stress rupture behavior at 900°C.

Fig.7  Central region of a fiber bundle: (a) at low magnification, showing little
pullout, and (b) at higher magnifications showing interface gaps and
bonding of fibers to one another (indicated by arrows) (¢ = 80 MPa,
tf = 8.3h).

Fig.8 (a) Formation of a glass layer at the interface between the CVI SiC and the
C-B mixture. (b) Complete coverage of fibers at the tow periphery by the
glass. (c) Brittle (coplanar) fracture of the fibers near the tow periphery.

Fig.9  Auger fine structure of the fiber surface as a function of sputtering time,
showing (a) silicon and (b) oxygen spectra.

Fig. 10 Relative stress rupture behaviors of the enhanced material, a comparable
Nicalon™/SiC minicomposite without the C-B additive, and the fibers
alone. (The fiber data for an exposure temperature of 1000°C are essentially
the same as the ones shown for 800°C.)
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